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I Section 1: EXECUTIVE SUMMARYI
The research is concerned with the mechanical properties of ceramic/metal bonded systems3 and with establishing criteria for interface decohesion, for sliding and for cracking across

interfaces. The research is closely coordinated with other ONR/ARPA programs at UCSB
* concerned with advanced composites. The research has application to the mechanical

performance of biphasic systems, including metal matrix composites, layered materials and
refractory metal toughened ceramics. It is also relevant to the adhesion of ceramic coatings

on alloy substrates, the joining and brazing of metals to ceramics as well as the mechanical
integrity of multilayer capacitors and ceramic packages for electronic devices. A central

issue concerns the elucidation of relationships between interface debonding and sliding and

the properties and dimensions of the constituents and interphases.I
A major focus of the recent research has been on stress redistribution caused by slip and3 debonding of interfaces. Such redistribution ultimately controls the damage mechanisms
that operate in multilayers and hence, their thermostructural performance. The preferred

I response is one in which damage is spatially distributed rather than localized into a
dominant crack. To explore these effects, various calculations and experiments have been

performed for multilayers containing cracks in one of the brittle layers. Then, the stresses
in the neighboring layers have been ascertained for both slipping and debonding interfaces.
The measurements have been made using both Moirt interferometry and fluorescence
S spectroscopy. The measurements are in good agreement with calculations, which show
that debonding is much more effective than slip at reducing stress concentrations, thereby

mn encouraging distributed rather than localized damage.

I A complementary activity has been on the cyclic response of interfaces in multilayers, with

associated implications for stress redistribution and thermostructural performance. For
typical, well-bonded metal/ceramic interfaces, it has been found that fatigue crack growth

occurs along the interface, in preference to crack growth through the alloy, whenever the
interface is subject to a significant opening mode component (phase angle T Z 50"). Such3 fatigue debonding diminishes stress concentrations and enhances the thermostructural

response. Conversely, when interface debonds are subject to shear (mode II), fatigue3 crack growth occurs preferentially through the alloy, leading to degraded structural

U
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I
performance. The effect of mode mixity on interface fatigue has thus emerged as a critical I
issue for further study. I
The effects of diffusion bonding on the tensile strength has been explored for metal/ceramic

systems that do not form reaction products. It has been found that diffusional phenomena 3
occurring at high temperatures cause morphological changes at the interface. Ridges and

troughs form in response to surface and interface forces. These features act as flaws that

diminish the tensile strength. Such effects are especially prevalent with high strength oxide I
fibers, which have properties sensitive to small surface flaws. This research has identified
phenomena that must be avoided in order to prevent strength degradation in metal/ceramic I
sytems. I
Finally, a microelectronics-based method for measuring the debond energy for thin metal
films on a substrate has been developed and used to determine the debonding of Cu from 3
Sio2. It uses a vapor deposited Cr superlayer, subject to 'intrinsic' tensile stress, to

provide the energy release rate for mixed mode decohesion, after deposition. The layer and

the film are patterned and severed to establish the critical thickness at which spontaneous 3
decohesion occurs. This critical thickness is explicitly related to Fi. The results for

Cu/SiO2 give ri values in the range expected from other studies. The application of this 3
new method to other thin films and multilayers is now being exploited.
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I Abstract

Several problems are analyzed that have bearing on cracking and survivability in the

presence of cracking of layered composite materials comprised of brittle layers joined either by a
I weak interface or by a thin layer of a well-bonded ductile metal. The problems concern a crack in

one brittle layer impinging on the interface with the neighboring brittle layer and either branching,

I if the interface is weak, or inducing plastic yielding, if a ductile bonding agent is present For the
case of a weak interface, the effect of debonding along the interface is analyzed and results for the

I stress redistribution in the uncracked layer directly ahead of the crack tip are presented. Debonding

lowers the high stress concentration just across the interface, but causes a small increase in the
tensile stresses further ahead of the tip in the uncracked layer. A similar stress redistribution
occurs when the layers are joined by a very thin ductile layer that undergoes yielding above and

below the crack tip, allowing the cracked layer to redistribute its load to the neighboring uncracked
I layer. The role of debonding and yielding of the interface on 3D tunnel cracking through an

individual layer is also discussed and analyzed. Residual stress in the layers is included in the

U analysis.
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1. Introduction I
When layered, thin sheets of a brittle material may have toughness and strength properties

which are far superior to those of the material in bulk form [ 1-6]. To achieve good strength and

toughness, the interface between adjoining layers must stymie the stress concentton effect of any

crack that occurs in an individual layer, reducing the likelihood that it will propagate into the next 3
layer. Depending on the nature of the interface, this may occur by debonding, when the interface

is brittle and relatively weak, or by yielding and sliding for systems comprised of brittle layers

alternating with thin ductile adhesive layers. The latter category is repesented by sheets of A1203

joined by thin layers of aluminum [21 and by the model system with sheets of A1203 bonded by

epoxy [3]. Some of the issues related to the design of layered brittle materials ae simil to those

encountered in the design of fiber-reinforced brittle matrix composites, such as the selection of

interface toughness to prevent matrix cracks from penetrating the fibers. Other issues are unique to

the layered geometry, and this paper addresses a few of them. In particular, the role of yielding or

debonding of the interface in defeating cracks in individual layers is analyzed by considering the 3
stress redistribution in the adjoining uncracked layer that accompanies these processes. Results

will also be given for the energy release rate of 3D cracks tunneling through an individual layer. 3
This release rate, which is influenced by interface yielding or debonding, provides the essential

information needed to predict the onset of widespread layer cracking in terms of the thickness of

the brittle layer material and its toughness.

The geometries of the problems to be studied are laid out in Fig. 1. Fig. la shows a 3
cracked layer of width 2w with zones of either yielding or debonding in the interface extending a

distance d above and below the crack tips. The interface is taken to be either a very thin ductile m
layer of an elastic-perfectly plastic material with shear flow stress, r, or a weak plane that debonds

and slips under conditions such that the layers remain in contact and exert a friction stress r on
each other. The ductile adhesive layer allows slipping of the layers it joins relative to one another
by plastic yielding, but it is assumed that debonding does not occur. In this case, the condition

K2 = 0 must be enforced, leading to well-behaved shear stresses at the end of the yielding zone and

establishing the zone length d. In the case where the interface debonds, the interface crack is fully

closed for d/w>0.71 [7]. The mode 2 stress intensity factor K2 at the end of the slipped zone will 5
be nonzero and must attain the mode 2 toughness of the interface for the debond to spread. Results

for K2 will be given. 3
Cracks in individual layers spread as 3D tunnel cracks propagating through the layer as

depicted in Fig. 2. Once the crack has spread a distance of at least several layer thicknesses in the
z-direction it approaches a steady-state wherein the behavior at the propagating crack front becomes
independent of the length of the crack in the z-direction. Under these steady-state conditions, the

3
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energy release rate of the propagating front can be computed using the plane strain solution

I associated with the geometry of Fig. Ia (other examples of tunnel cracks are given in the review

article [8]). The steady-state energy release rate can be computed in terms of the average of the

opening 8(x) of the plane strain crack. The zone of yielding or debonding increases the tunneling

energy release rate, thereby lowering the overall stress at which widespread layer cracking can
occur. Results for the tunneling energy release rate will be given. The role of residual stresses in

I the layers are readily accounted for, as will be discussed in the final section.

When the interface is weak and debonding occurs, the interface crack is fully open with

mixed mode intensity factors when d/w<0.24 (7]. This case can be well approximated by the

asymptotic problem for a semi-infinite crack impinging the interface where the remote field is the

K-field associated with the problem in Fig.Ia with d=O. The stress redistribution in the next layer

ahead of the impinging crack tip will be given, along with a correction of previous results for the

I energy release rate for the doubly-deflected interface crack of [91. When plastic yielding of a

ductile adhesive layer occurs, another asymptotic problem applies when a is sufficiently small

I compared to %. Then, the asymptotic problem is that shown in Fig. lb for a semi-infinite crack

loaded remotely by the same K-field. In this case as well, emphasis will be placed on the effect of

I yielding in the thin adhesive layer on the stress distribution ahead of the crack tip in the uncracked

layer.

I 2. Effect of Plastic Yielding on Stress Redistribution.

As discussed above, the thin ductile adhesive layers in Fig.la are assumed to be elastic-

perfectly plastic with a yield stress in shear of % and are modeled as having zero thickness. The

plane strain problem is considered where the central cracked layer has the same elastic properties

(E,v) as the semi-infinite blocks adjoining across the interfaces. Under monotonic increase of the

applied remote stress, o, the zones of yielding of half-height d spread allowing slip in the form of a

I tangential displacement discontinuity across the interface in the yielded region. The condition

cx-=-t is enforced within the yielded zones of the interface. The Dugdale-like condition, K2=0,

3 at the ends of the yielded zones ensures that the shear stress on the interface falls off continuously

just outside the yielded zone, and it determines the relation of d/w to a/t under the monotonic

I loading considered. Integral equation methods are employed to solve this problem, as well as the

others posed belov, a brief outline of the methods used are discussed in the Appendix.

The two most important functional relations needed to solve the 3D tunneling crack

problem discussed below are shown in Figures 3 and 4. In Fig.4, 9"is the average crack opening

I displacement defined by

I



The elastic value of 8, valid when there is no yielding (r---), is 0-- (l-v 2)aw/E. Yielding of 3
the adhesive layers begins to make a significant contribution to the average crack opening
displacement when aft exceeds unity. The redistribution of normal stress, ayy(x,0), in the block
of material across the interface is shown in Fig. 5 for three levels of aft. The curve shmwn for
O/r=1.5 is only very slightly reduced below the elastic distribution ( yy(xO)=(x+l)/(x2+2x)f 2 )
for x/w>0.05. Reduction of stress ahead of the crack tip begins to be appreciable whc o/r=2.7, I
and is quite significant when oft-6.4. The drop in mess just across the interface is offset by a
slight increase in stress relative to the elastic distribution further away from the interface. This is a
feature seen in all the stress redistribution results.

Stress redistribution can be presented in another way when d/w is sufficiently small using
the asymptotic problem depicted in Fig. lb. As long as d/w is sufficiently small, the yielding
behavior is small scale yielding with the elastic stress intensity factor K as the controlling load I
parameter. The remote field imposed on the semi-infinite crack is the elastic K-field. This
asymptotic problem has also been solved with integral equation techniques. The extent of the yield 3
zone in the asymptotic problem is 2I

d = 0.04!(~) (2)

Fig. 6 displays the normal stress directly ahead of the crack tip in the adjoining block normalized
by the elastic stress field for the limit cam. The stress ratio in Fig. 6 depends on zld but is
otherwise independent of K in the asymptotic problem. Yielding reduces the stress below the U
elastic level over a region ahead of the crack tip which is a little larger than d/10. Beyond that
region the stresses are slightly elevated above the elastc levels and approach the elastic distribution
as x/d becomes large. The stress redistribution due lo debonding which is also presented in Fig.6
is more dramatic, as will be discussed later in the paper. 3
3. Effect of Plastic Yielding on Tunnel Cracking

As stated earlier, the steady-state energy release rate for a 3D tunneling crack can be
computed using the plane strain solution. For the geometry and loading shown in Figs.la and 2,

the leading edge of the tunneling crack propagating in the z-direction experiences mode I
conditions. Let GO denote the energy release rate averaged over the propagating crack front. An
energy balance accounting for the release of energy per unit advance of the tunnel crack under
steady-state conditions gives that 2wG0 is the work done by the tractions acting across the plane

I
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of the layer crack in the plane strain problem as those tractons are reduced to zr from a. For the
present problems, this is the same as

GI = jr'6o')da' (3)

where 6is the average crack opening displacement for the traction-free plane strain crack under

monotonically increased remote a. The elastic result for d=O (i.e., gs. ) is

(.'= X(l- v2)a2 w (4)
2E

The ratio of Gss to Go can be computed from the data in Fig. 4 using simple numerical

integration. The result is plotted in Fig. 7. Increases of the steady-state release rate above the

elastic value become imporant when C/T exceeds unity.

4. Effect of Pebonding and Frictionless Slipping on Stress Redistribution

A review of the plane strain interface debonding problem for the geometry of Fig.la is as

follows for the case where no frictional resistance is exerted across the debonded interfaces (i.e.,

r=O ). According to [7], the debonded interface will be fully open when d/w<0.24, and the
interface crack tip at the end of the debond is subject to mixed mode conditions, as will be

discussed further for the asymptotic problem below. For 0.24<dlw<0.71, the debond crack tip is
closed and therefore in a state of pure mode 2, but a portion of the interface near the main layer

crack is still open. For d/w>0.71, the interface is fully closed and the interface crack tip is in
mode 2. The top curve for the normalized mode 2 stress intensity factor in Fig. 8 applies to the

frictionless case. It was computed using the integral equation methods outlined in the Appendix

"under the constraint that the interface remains closed. The results are strictly comect only for
I d/w>0.71 (and are in agreement with the results of [7]), but are only slightly in etror for smaller

d/w. The average crack opening displacement. g, r-eded for the tunnel crack calculations is

I shown in Fig. 9 where the top curve again applies to the frictionless case.

The role of debonding on stress redistribution is seen in Fig. 10, where curves of the stress

-- ahead of the right-hand layer crack tip (normalized by the remote applied stress a) are plotted for
various levels of debonding, all for the closed interface with t=0. Debonding clearly has a

I . significant effect on lowering the stress on the adjoining material just across the interface, moGM so
than for plastic yielding of a thin ductile layer discussed in connection with Fig. 5. For sufficiently

U small d/w, the debonded interface is fully open and, moreover, the asymptotic problem for a semi-
infinite crack impinging on the interface applies, as depicted in the insert of Fig. 6. The stress

redistribution is plotted in Fig. 6, which shows that the stress ahead of the layer crack tip is

.



reduced below the level in the absence of debonding over a distance from the interface equal to 3
one-half of the debond length d. This figure also makes clear that debonding appears to be more

effective in protecting the uncracked layer across the interface than plastic yielding of a thin ductile

adhesive layer.

As a digression, we record the mode 1 and 2 stress intensity factors for the open interface I
crack tip for te asymptotic problem of Fig. 6:

K- = 0.399 and &=0.322 (5)
K K

The associated ratio of the energy release rate of the interface crack tip to that of a mode I crack 3
penetrating straight through the interface without debonding is 0.263 when both the deflected tips

and the penetrating tip emerge from the main crack tip at the same applied K. These results correct

results given in [9] which were in error for the case of the doubly-deflected interface crack. A

complete set of corrections of this energy release rate ratio for this case over the full range of elastic

mismatch across the interface will be included in an upcoming paper [ 101.

S. The Effect of Frictional Slipping on Debonding and Tunnel Cracking 3
Figs. 8 and 9 contain curves for the normalized mode 2 stress intensity factor and the

average crack opening displacement, respectively, in the plane strain problem for several levels of a

constant friction stress c relative to a acting over the bonded interface. A constant friction stress,
as opposed, for example, to a Coulomb friction stress, has been used by a number of workers to

represent the frictional forces exerted across slipping interfaces in composites. The purpose of the

present limited study is to illustrate the effect of friction in establishing the extent of debonding and
its associated influence on the 3D tunneling energy release rate. Almost certainly, additional
studies will be required before a good understanding is in hand, including studies with other

friction laws. Some results for the effect of Coulomb friction on the mode 2 interface stress

intensity factor have been presented in [11). 3
Let Kc denote the mode 2 toughness of the interface. Attention will be concentrated on the

behavior following initiation of interface debonding when the debond length, d, is sufficiently

large (i.e., greater than about w/4 ) such that the debond interface crack tip is in mode 2. Impose

the debonding condition, K2=Kc, on the solution presented in Figs. 8 and 9. The relationships 3
that result between the applied stress and the debonding length and the average crack opening
displacement are plotted in Figs. 11 and 12. The two nondimensional stress parameters in these

figures are the applied stress parameter, (or'w)/Kc, and the constant friction stress parameter,
(rrw)/Kc. (Note that it is necessary to interpolate values between the curves of Figs. 8 and 9 to

3



3 .7-

I arrive at the plots in Figs. I I and 12, since a constant value of (rJw)/KM does not correspond to a

constant value of %/d.) In the range of d less than about w/4, the predictions are not expected to beE correct since the interface undergoes mixed mode debonding and not mode 2 debonding. Thus,

the details in the vicinity of the initiation of debunding are not correct. In particular, the value of

(or1w)/Kc at which 8 begins to depart from 80 (see Fig. 12) would depend on the mixed mode

condition for debond initiation. But once debonding has progressed to the point that the interface
i crack tip is closed, the mode 2 criterion is appropriate and the curves are accurate.

In the absence of friction the debonding process is unstable, since for a fixed a, K2 has a

I maximum when d.=w and then drops slightly to an asymptote as d increases further. Under a
prescribed a, the mode 2 debond would advance dynamically after it is initiated. In this sense, the

I curves shown in Figs. 11 and 12 for c=0 represent unstable debonding behavior. Friction

stabilizes the debonding process giving rise to a monotonically increasing debond length and
average crack opening displacement as the applied stress increases. A nondimensional friction

stress on the order of (r'4w)/Kc= 1/8 or more is required if friction is to be important.

The steady-state energy release rate for tunnel cracking can be computed from the curves in
Fig. 12 using (3). The results of this calculation are plotted in Fig. 13. As before, Gss isI normalized by the value for a layer crack with no debonding given in (4). The remarks made

above with respect to accuracy in the vicinity of debond initiation apply to these curves as well. It
can be seen from Fig. 13 that debonding can indeed significantly promote tunneling cracking when

the nondimensional friction stress is less than about (rlw)/Kc=l/2.

U 6. Accounting for Residual Stress in the Cracked Layer

The role of an uniform residual tension, Oyy=OR, pre-existing in the layer that3 subsequently undergoes tunnel cracking can be readily taken into account in the various results

presented above. For the purpose of discussion, now let Ocyy=A be the applied stress, replacing

I the notation for a in the earlier sections. The results in Figs. 3-4, 7-9 and 11-13 apply as they
stand if a in those figures is identified with oA+ok. The results for stress redistribution shown in

I Figs.5 and 10 can also be used with the following modifications. With a identified with aA+aR,

the results in Figs.5 and 10 are correct for the change in ayy in the layer ahead of the tip due toE cracking if the numerical value of the ordinate is reduced by 1. To obtain the total stress oyy in the

layer in question, one must then add together the change and the stress ayy existing in the layer

I prior to the cracking event.

3
3
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Appendix: Numerical Approaches

Two integral equation formulations were used in the solution of the problems discussed. i
Both methods have been used by various authors to solve related plane strain problems and, for

this reason, details of the methods will not be given. In some cases, results were generated using I
both schemes as a check. The methods used for the problems fc ,e closed interface cracks at the

the ends of the finite length layer crack (see Fig. I a) will be discu. i=d first. 3

I



I -9-

I The integral equations in method I are formed by representing both the layer crack and the
mode 2 interface cracks by distributions of dislocations. With reference to Fig. Ia, let

I bo(x)=-dk//dx denote the amplitude of the dislocation opening distribution extending from 0 to w

along y- 0 , and let bs(y)--d&y/dy denote the amplitude of the dislocation shearing distribution

I along x--w extending from 0 to d. The condition that Oyy-O along y=O for -w<x<w can be written

as

I 0 HI(x,x' )b0 (x )dx' +J0H 2(xy)b5 (y)dy = --G (AI)

where HI(x,x') denotes the stress CFyy(x) along y-0 due to bo(x'), with due regard for the

symmetry of this distribution with respect to x-0, and H2(x,y) denotes oyy(x) due to bs(y), with
the appropriate four-fold symmetry on this distribution imposed. Similarly, the condition that

OXY=-t alo-.g x=w between 0 and d (with the corresponding shear conditions met along the other

three legs of the H-crack) is

SoH3(y,x' )b0 (x')dx' +: H4 (y, Y)bs (Y')dy' - (A2)

5 where H3 (y,x') is axy(y) along x=w due to bo(x') and H4(y,y') is Oxy(Y) due to bs(y').

Method 2 makes use of the solution for the problem of four symmetrically placed

dislocations interacting with a traction free crack extending along the x-axis from -w to w. With

H(y,y') denoting the shear stress OFxy(y) along x=w between 0 and d due to b3(y'), with due
regard for the other three symmetrically placed dislocations, the single integral equation for bs is

3 JH(y,y' )bs(y' )dy' = -- Oy (y)-r (A3)

S where ,,y (y) is the shear stress along x=w due to the remote stress acting on the layer crack in the

3 absence of the interface cracks.

I The kernels of the integrals above have Cauchy singularities. The dislocation distributions

can be obtained using several well known numerical techniques. Once the distributions are known
in either method, they may be used with other integral expressions to compute the stress

components at any point in the plane and the mode 2 stress intensity factor at the end of the

interface crack. For the cases in which K2 is nonzero, the distribution bs(y) has an inverse square

I root singularity at y=d, while it diminishes with the square root of the distance from y=d for the

plastic yielding problems with K2=0. The solutions are not overly sensitive to having a precise3 incorporation of the correct behavior of the dislocation distributions at the corner point at x--w on

y=0. A number of choices were made, including representations which built-in the correct lowest

i order functional behavior near this point.

I
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The asymptotic problem for the semi-infinite layer crack and the mode 2 interface cracks 3
(see Fig.lb) was solved using method 2. Now, H(y,y') is the shear stress along x-O between 0

and d due to just two symmetrically placed dislocations on x=O at± interactLg with a traction-
free semi-infinite crack, and oa (y) is the shear stress on x=O due to the K-field in the absence of

the interface cracks. The second asymptotic problem discussed in connection with Fig. 6 in which

the interface crack opens is also solved using method 2, but here both shear dislocations and

opening dislocations must be used and the problem becomes a set of dual integral equations. In all

the cases involving method 2, the kernel functions H can be obtained in closed form using complex

variable methods of elasticity.
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Fracture Resistance Characteristics of a Metal-Toughened Ceramic

Brian D. Flinn, Calvin IA). Frank W. Zok,* and Anthony G. Evans*

Materials and Mechanical Enginecring IDpartnints, C.(.legr of Engincering. I nircruit o1 tal Akrnia.
%Anta iBarbara. Cali(rnua 'Y I tI6--4150

The fracture characteristics of an AI20,/AI composite are Table I. Ductile Reinforcement Toughened
examined. Measurements of resistance curves and work of Ceramics and Imtermetallics
rupture are compared with predictions of a micromechani- MNin, kc,nfwcmcm Rd

cat model, incorporating the effects of crack bridging by the AIO, Al 1-4
A[ reinforcements. The bridging traction law is assumed to A, Al -
follow linear softening behavior, characterized by a peak WC COb-9
stress, o,, and a critical stretch-to-failure, ua. The values of TiAI Nb 10
r, and u, inferred from such comparisons are found to be MoSi. Nh 11. 12

broadly consistent with independent measurements of NiAI Mo. Cr 13
stretch-to-failure, along with the measured flow character- AIN Al 14
istics of the Al reinforcement. The importance of large-scale
bridging on the fracture resistance behavior of this class of
composite is also demonstrated through both the experi-
menats and the simulations.

whereas a,. which is dominated by the elasticity of the matrix.,
is considerably larger (>500 MPa). Consequently. Eq. (I) pre-
dicts that the dissipation should occur exclusively in the bridg-

T HE toughening of ceramics and intermetallics by ductile ing ligaments. This material system should thus provide a good
reinforcements has been comprehensively studied,' "' and experimental test of the crack growth predictions based on

has encompassed the range of materials indicated in Table 1. bridging.
Three key factors regarding such toughening have emerged The AI,OV/AI interface is "strong,"" but can experience duc-
from these studies as being in need of clarification and further tile debonding in constrained regions. It should thus be possible
understanding: (i) the partitioning of the plastic dissipation in this system to examine the influence of controlled debonding
accompanying crack growth between bridging metal ligaments on the fracture resistance. Furthermore, such debonding is
and a process zone; (ii) control of interface debonding and asso- expected to result in large-scale bridging Consequently, this
ciated relationships with the dissipation occurring within the material also provides an experimental model for testing and
bridging ligaments; (iii) the incidence and importance of large- validating the LSB analyses-21 2' now available for predict-
scale bridging (LSB)' and the resulting relationships between ing effects of specimen geometry on the nominal fracture
resistance curves, basic constituent properties, and the macro- resistance.
scopic load/deflection response of the composite. This article When fracture resistance is dominated by plastically
addresses aspects of each of these issues through experiments deforming ligaments, the stress/stretch function associated with

S and analysis on A1,03 toughened with an AI/Mg alloy. these ligaments, or,(u). is the key composite property. A major
S Experimental evidence presented for WC/Co" and A12O/A12  objective of the present study is the determination of orb(u) and

"has indicated that both bridging and nonlinear process zones its rationalization in terms of the properties of the Al alloy rein-
can accompany crack growth and contribute to the crack growth forcements, as well as the interface debonding. In general, iti resistance. Trends in these two contributions with microstruc- has been found that a linear softening traction law has applica-
ture are predicted to be very different." Consequently, it is bility to ductile phase toughened materials.` governed by
important to understand and model the separate contributions.
Calculations indicate that the dissipation is dominated by the rb • a,.(I - u/ud) (2)I plastically stretching ligaments,'" provided that the crack sur-
face tractions induced by the ligaments are relatively small where u is the crack opening displacement, and a, and u, are

compared with the flow strength of the composite material constants to be determined either by experiment or by calcula-
within the process zone. The explicit requirement for ligament tion. Furthermore, a, should be a multiple of the uni t! yield
dominance is given by the inequality strength of the reinforcements ao.. This formulation .., led to

the following explicit results for the crack growth ri.sistance
fi'b • 3a, (I) under small-scale bridging (SSB) conditions: (i) a steady-state

where f is the volume fraction of the ductile material, cr, is the toughness (r,,) given by2"

average crack surface traction generated by the intact metal lig- r. = Fr (I - f) + cu. f12 (3)
aments, and art is a measure of the flow strength of the compos-
ite. For A120 ý/AI alloy composites with typical values of metal where rm is the matrix fracture energy: and (ii) a resistance prior
concentration (f - 0.2), oir scales with the uniaxial yield to steady-state (Wt) given by2'3 strength of the alloy,' 5 ao(, and is relatively low (-100 MPa), R(ad) - rm(l -f) + cr fu, [I .6 - 0. 1V + 0.53f•]/4

(4)

R. Kerans--contributing editor
where t = AW/L,, with Aa being the crack extension and L, the_____cakgrowth at teonset ofsteady-state,
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where E is Young's modulus for the composite However. as prepared vA ith notch depths of 0.5. 1.0. and I 5m nm. represent-
already noted. when large-scale bridging occurs, the nominal ing notch depth to specimen height ratios. a .t, of 0. 14.0 28.
resistance may deviate substantialls from the SSB prediction., and 0 42 Two fle'.ure test prc.cedures were used: i I i .iuu
This issue will be a major focus of the present stud%. inside a ,canning electron microscope. and (2) within a %till S

sr.ohsdraulic test frame NITS ,Model KIM usinm, a tra,,chng

!1. Materials optical microscope to measure crack lenlths Test, %cre con-
ducted at a displacement rate ott) 2 j~m s.

Composites used in this investigation were fabricated using The stead% -state fracture properties kcrc charactertued using I
the method developed b) Lange el al.:' In this method. the work-o4t-rupture, tests." " This test invohcd mleasurement ot
architecture of the metal is determined hy the choice of a pf ro- the %,ork required to stabl. propagate a crack across a chc ron-
lyzable precursor. The precursor (a pol, mer fiber felt) is packed notched flexure specimen. To ensure stable crack propagation.
with a high-purity alumina iSumitomo AKP-50) slurry bý pres- the specimen wsidth ka.is • ice the specimen height ('double- I
sure infiltration. Alter dr,,ing. the green bod- is slol,, heated width specimens,").""' Furthermore. a short precrack - I(X)

to bum out the precursor and then sintered at 1550'C for 30 ;.mI was introduced at the notch using a Vickers indentor %kith
min. leaving an interconnected network of channels. The as- a load of 200 N. Corresponding tests were conducted on full)
sintered AlO, structure is visible on the channel walls. This dense AI:O, specimens. to allow the toughness enhancement i
sintering schedule prodiuces a fine-grained (--4 lim) ceramic attributable to the metal reinforcements to he evaluated.

preform, with a relatively density _>99V (exclusive of the chan- The flow properties of the bulk Al/Mg alloy were measured
nels) (Fig. Ila)). The preform is then infiltrated with molten from dog-bone tensile specimens machined from squeeze-cast
AI/4 wt% Mg alloy, by squeeze casting. to produce the compos- ingots. Hardness measurements were also made with a nanoin- I
ite. The alloy had been heated to 780°C and squeeze cast at a dentor on both the bulk AI/Mg alloy and the reinforcements
pressure of 170 MPa. The composite billets were typically -30 within the composite. in order to compare their fHow properties.
mm in diameter and -5 mm thick. Microstructural examina- (
tion of the composite revealed a relatively uniform network of (2) Fracture Observations II
randomly oriented cylindrical aluminum fibers. - 19 f.m in In situ and postfracture observations conducted in the SEM
diameter. The metal volume fraction, measured by quantitative provided insight into the crack growth mechanism, as well as

metallography, wasf = 0.28 1 Fig. lI(b)). the plastic stretching of the Al ligaments. Observations per-
The Al channels were devoid of porosity and were bonded to formed in situ. shown at tour different crack openings in Fig. 2. I

the AlO, matrix. The Al-O, grain boundaries appeared devoid confirm the existence of a plastic stretching mechanism. Inves-

of grain boundary phases, as ascertained in the transmission tigation of the resultant fracture surfaces by SEM revealed pri-
electron microscope (TEM) using dark field, through focus and marily transgranular cleavage of the AIO, and extensive plastic
the EDS X-ray technique. Bright-field TEM indicated no deformation of the Al. The stretch-to-failure of -60 ligaments

detectable segregation and no interphase formation at the metal/ was measured using stereo measurements on SEM micro-

ceramic interface. The aluminum alloy was single phase with graphs. The Al ligament orientation was found to have a strong
magnesium in solid solution. effect on both the debonding behavior and the plastic stretch-to-

failure. Ligaments aligned perpendicular to the crack plane
(Fig. 3) exhibited debonding, on the order of the fiber diameter,I1. Measurements and Observations 2R. and a large plastic stretch-to-failure: ujR - 3.5. Inclined

ligaments partially debonded (around that segment of the inter-
(1) Mechanical Testing Procedures face experiencing normal tension. Fig. 4(a)) and failed at a rela-

Mechanical test specimens were cut from the composites, tively small plastic stretch. Ligaments parallel to the crack
surface ground with diamond-impregnated wheels, and notches plane often debonded completely and experienced negligible
cut using thin (150 lRm) diamond blades. Polished surfaces for plastic deformation (Fig. 4(b)). A summary of plastic stretch
crack length measurements were prepared using standard measurements (Fig. 5) indicates a mean value, uIR = 2.9,
metallographic techniques. Two types of mechanical tests were with a standard deviation of ± 0.9. I
performed to obtain the fracture resistance curves and the work Closer examination of the debonded surfaces provided
of rupture. Resistance curve measurements were made upon insight into the debond mechanism and the role of matrix
polished, notched flexure beams (3.6 mm x 3.6 mm x 20 microstructure. The AIO, side of the debonded interface (Fig.
mm), in accordance with ASTM standards. 4 Specimens were 6(a)) reveals the presence of a network of Al. The network cell

I

I
nr L

(a) (b)
Fig. I. (a) Ceramic preform, prior to metal infiltration. (bN Composite microstructure. after metal infiltration. 3
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1 1 T T (3) Properties of.41 .4I1o v
Tensile stress-strain curve,,s for the bulk Al %fi- allot i Fi-a 81

08 & indicated a vil trength of 7)) N1I~a and an ultimate tensile
strength of - 180( NI~a. The reduction in area sý as appro\i-

ifriatel\ 201(' Nanoind'''"', !vo results at a load (it 5 N indi-
2 06 catedI similar har,iiaes les ek for (he hulk alumiinumu allo\

I . 1 (0 1 (iPa) and totr the reinforcenients in the composite5
> ' 1 0. W) The relatiiel\ large \alues of hardness i con)-

-;_ 04 pared to the uniaxial e~ild streng-th) retlect the indentation
5 ~si/e effect that occars in the inanometer ranuc

:3 02 (4) fracture ResixttcnceI
U Of ~The resistan -ce curves for the composite dlig. 9) haie three

00 ~characteristic features: i an initial fracture resistance. A', 3
002 3 MPam' K, similar ito the fracture toulghness of the matrix, 41n1) an

02 3intermediate reg,,'ion wherein the fracture resistance increases
Plastc Stetch.~ R raduall\. and (iii) a final reuion in which the resistance

C increases rapidly Ti, latter region commrences, at smaller crack

Fig. 5. Cumiulati\ rInhutiori of pl~i.stretch iot)ailure ofA extensions for spe As w,%ith deeper notches. Such heha. ior is
licarncnts characteristic of la; -, -scale brideuine41 (ISl,.I

The work of- rupture oft the composite k as, It 4(m) -5ff

Jim and that of the f~ulls dense AIl) \%as It 2 5 5
J-rn KThe touchness enhancement.- AW.. attributed Ito the

size is similar to that i)i the matrix crains ind the cell centers are fimetlrifreet, e.rcdi h odneso

frequentls situatti riple-grain junctions on the A1.0, sur-
face. The debono. -i'ital exkhibted a corresponding, di-storted. A)4~~ fir.R 4 0ai
dimpled surface :.6(b)). These observations indicate that becomes_
dehonding- Occunrcd bN a ductile process involving void nucle-
at ion at triple-grain junctions of the matrix surface. followed by = 2.0 - 04.3 461))
plastic void growth and coalescence within the metal, near the Tesed-tt rcuerssac.K.o h opst
interface. This mechanism of interfacial fracture is consistent can then be c'alculated usingI
w.ith earlier studies w~hich indicate that the AI.O,/Al interface is
"s tro n,-."' K_. 7E

The effect of matrix microstructure on ilebonding was where E is the composite Young's modulus. Takine F = 3MX
cv~ploredl hy heat-treating some of the AI.0) compacts at GPa. Eq. (7 gives, the result K,. I I NPa-mn '. s'ignificandtl

I 6~rC or 4) .t indce ubsantal ram rowh i 50111 less than the nominal [,Si fracture resistance measured at farge
rcgions * and thus reduce the number of triple-grain functions, at
the channel surfaces. After infiltration and fracture. thie ciketnin -c
debonding in these recions was fo)utd to be negligible (I-io. 7).
whereas the debonding in the fine-'1aie r.egion was essen- I V. ModelingI
tiallv the same as that in the original fine-grained coimposite (cf.
Fimg. 34. The plastic stretch of the reinftorcementsN in the coarse- (1) Bridging Trc...ions
grained region swas corresponding Iy lowArer, it R - I The traction function. (Ti0. for the ductile Al ligaments \xas

obtained usinc, two methods,. In the first, the function wsasI

a~ssumed it)o i~be a linear softening la\, i Iq 12)4. Selection of

I h c,,rii r,ai i r- 'imci, prod,', !TA1c .1 ,.r~uIri 01lh~ n *i'i~hcgr~i'.,
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a)

Q) 10 - r

0 j

0 1 2 3I Crack Extension, Aa (mm)
Fig. 7. Fracture surface of composite produced front large-prained Fig. 9. Conmparirýon of nneasured afld computed fracturre resistance
AlA), preform. Note the absence ot dchondidnn and the reduction in curx.es tor three notch depth,,,a,. t

plastic stretch.

the peak stress parameter. (T,. and the stretch-to-failure. 11L. was
400 based oin the tollowking procedure: Wi The stretch-to-f-ai lure w~as

ai Experimental Data made to coincide closely with the SEMI measurements (i,/R -
30 - Curve Fit (Eqn.9) 2). (ii) The maximum stress was then selected such that the

a. computed R-curve (described in Section IV(2)l tor one of the
specimen geometries was in good agreement with the expert-
mental data. This it ýpccifies hoth (r, and it, in Eq. (2). I iii) The
R-curves for the other geometries were computed and compared
with the experiments. As an additional consistency cheek, the

a) 100 -area under the nornmal ited (Thl t) curve was evaluated and com-
2 ~~pared with the value of' ) obtained trom the work -of'-rupture

tests (E~q. (6/m.
01 In the second method, the traction function was computed

0 005 0,10 0.15 0.20 0.25 0.30 using, a geometric necking model" by assuming eylindrical
True trainbridging ligaments oriente'd perpendicular to the crack plane

(Appendix). The shape of' the ligaments during deformation
Fig. 8. 'true ste, traiun curve,, front experimental data and calcu- was taken to be a paraboloid of' revolution, with the nominal
lated using- the Voce law "stress computed from Bridgman's solution"' for a necking bar.
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- Gomeic ode I' - Geometri Model
-- Linear Softenikg Law 4 . Experimnt

30 E
#A 3 3

rO 2 d/R 0.4W 21

0.30
E 1 0.2 .

1l 2 0 0

0 1 2 3 4 0 1 2 3 4 5

Plastic Stretch, u IR StecIoFalru

(a) (b)
FIg. 10. (a) Linear softening stress/slretch relationships used in modeling of resistance curves and predictions of the geometric necking model for I
various dbond lengths. (b) Comparison of steady-state toughness enhancement from the geometric model and the experimental measurements.

This calculation requires a flow law for the Al ligaments appli- 2 r H(xla,alw)
cable at the large plastic strains that occur during rupture. The K,, = - [r.(x) - P(U(X))] dx (I I)
commonly used Ramberg-Osg,,td law typically overestimates S / (

the flow stress at large strains. ,vcause hardening is limited by where H is a weight function defined in Refs. 20 and 21. Using
the development of a stable di.location cell structure." Conse- the criterion for matrix crack propagation, K = K. (the matrix I
quently, a more appropriate flow law at large strains is•2 toughness), the crack growth resistance hasheen simulated by

S= (r,( I - me .... ) (8) solving the integral equation for K,,. as elaborated below.

where cr, is the saturation strength, with m and n being coeffi- (3) Compauas• between Theory ad Experiment f

cients that reflect the hardening. A fit of Eq. (8) to the data from Initially, the experimentally measured resistance curve for a

Fig. 8 gives the parameters (r, = 300 Ma, m = 0.75, and n = notch depth, ao/w = 0.28. was compared with predictions for a

5.8. The stress/stretch relationships for various debond lengths range of qr./ro. Coincidence was obtained for cr/lro = 2.12

and their influence on the toughness enhancement, predicted (Fig. 9). Furtker comparisons for other notch geometries

using Eq. (8) in the geometric necking model (Appendix), are (ao,/w = 0.14 and 0.42), made using the same va/ue of ac/ro,

shown in Fig. 10. indicate good agreement over the entire range of crack exten-
sion (Fig. 9). In addition, the steady-state toughness enhance-

(2) Fracture Resistance ment calculated from the linear softening traction law (x =

A cohesive crack model with linear softening has been used 2. 1) is in accord with the value measured from the work-of-rup-
(Eq. (2)) and solved by an integral equation method.. 2' The ture tests (x = 2.0 ± 0.3). The consistency between the vari-
relevant geometric parameters are shown in Fig. II. The model ous measurements and predictions provides confidence in the
considers a matrix crack of length a, growing from a notch of utility of the linear softening traction law, as well as the key
length a0 in a flexure specimen of width w. The bridging trac- material parameters, a, and u,. .
tions are denotedfrb(x), where x is the distance from the tensile A discrepancy that arises from the comparison between mea-
face of the beam. The applied load is represented by the stress, surement and calculation is concerned with the predictions of
o,(x), that would exist on the fracture plane in the absence of the geometric necking model. The model predicts a peak stress
the crack, represented by and a toughness enhancement consistently higher than those

r,(x) = 6M(I - 2xlw)/w2b (9) found by experiment for debond lengths that give the appro-
priate range of u,/R (Fig. 10). Notably, the peak stress should

where b is the specimen depth and M is the bending moment. not be lower than the (unconstrained) ultimate tensile strength
The net tractions p(u) acting on the crack face are assumed to of the Al alloy (or•a- 2.6or.). Yet, a lower value of the peak
follow a linear softening law of the form stress is inferred from the resistance curves (orc - 2. !a0). The

p(u) = fbiu(I - ulu.) (10) discrepancy is believed to be attributable to the random orienta-
tion of the ligaments, which significantly lowers the limit

Thereafter, the crack opening profile can be related to the load. ?2 This effect, in turn, reduces the steady-state toughness
applied load by an integral equation,20;2' which leads to an enhancement associated with the metal reinforcements.
expression for the stress intensity factor at the crack tip, V. d 3

Ix The close comparison between theory and experimento --- revealed by the present study has several implications. The pri-
a 9mary mechanism of toughening by ductile reinforcements can

M now be confidently attributed to plastic dissipation by stretch-W ing between the crack surfaces. Consequently. the important
microstructural variables can be defined and evaluated, espe-

cially the requirement for controlled debonding. 3
The importance of large-scale bridging in metal/ceramic

composites has been vividly demonstrated. A major implica-
tion of LSB is that the very large specimens required to satisfy

Fig. II. Schematic representation of specimen geometry. semi-infinite specimen geometry assumptions are impractical I
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The current interest in tough, high-temperature materials requirement. Potential options are oriented micas.' some

has motivated tiber coating development for brittle-matrix amorphous oxides,' and fugitive coatings which are removed
composites with brittle reinforcements. Such coatings are after composite consolidation. "' However, the amorphous coat-I needed for controlled interface debonding and frictional ings have limitations governed by viscous flow at elevated tern-
sliding. The system investigated in this study was sapphire peratures, plus reaction with A1:O,. Two alternative concepts
fiber-reinforced alumina. This system is thermochemically are explored in this article: (i) porous oxide coatings and (ii)
stable for severe use conditions, exhibits little thermal coatings that form "weak" interfaces with A1I03. The first con-
expansion mismatch, and utilizes the excellent strength and cept recognizes that porosity generally decreases the fracture
creep resistance of sapphire reinforcements. Porous oxide energy of brittle materials, such as oxides. " Consequently, cer-
and refractory metal coatings which satisfy requirements tain porous oxide coatings may be able to satisfy debonding
for toughness improvement in these composites were Identi- requirements for sapphire fibers, by allowing debonding withinI fled by employing a variety of newly developed mechanical the coating itself. The second concept is based on the expecta-
testing techniques for determining the interfacial fracture tion that certain nonoxide coatings may allow interface debond-
energies and sliding resistances. ing.' While most such interfaces have relatively high fracture

energies (F, > 10 J-m-2),''" larger than that required for the

I. Introduction debonding of sapphire fibers, preliminary evidence has sug-
gested that certain refractory metals provide suitably low

T HE mechanical requirements for fiber coatings in brittle- values.'
matrix composites are reflected in two properties:"- An effective coating should have the attribute that it does not

debonding and sliding. These properties are manifest as an degrade the strength of the fibers. Consequently, coatings that
interface debond energy, r,, and a stress to cause sliding along either react with or dissolve the fibers are usually unacceptable.i the debonded interface, T. A prerequisite for good composite This thermochemical requirement further limits the potential
strength and toughness is that a debond criterion be satisfied, set of coating materials. Various refractory materials thatI wherein the debond energy relative to the fiber fracture energy, exhibit known thermochemical compatibility with A1203 at
Fr, satisfy F,/ir < 1/4." Control of sliding is needed to ensure a 1500*C have been evaluated (Table 1), plus C, Y20 3, and the
notch-resistant material, such that r z 100 MPa. Larger values refractory metals, Mo, W, Cr, and Zr. The latter are still suscep-
result in high stress concentrations on fibers around notches and tible to oxidation, but in conjunction with oxide fibers, it is
lead to notch-sensitive materials.' Coatings of C and BN meet hoped that the composite system would have good durability in
these criteria, but both are susceptible to oxidation. Conse- oxidizing atmospheres, superior to either C or BN coatings onI quently, when SiC fibers are used, and when matrix cracks are SiC fibers.
present, oxidation embrittlement is encountered because the
fiber oxidizes to form a silicate layer that violates debonding 1. Approach
requirements." Other coatings are thus .jiesirable for high-tem-
perature applications. The present stLy exanines some alter- The overall approach used to identify viable fiber coating
native fiber coating concepts, with em-Nhsis on coatings for concepts is illustrated in Fig. 1. Planar geometries readily ame-
oxide fibers, such as sapphire, which are not subject to the nable to processing and testing are used to screen candidate
above oxidation problem. coating materials. The associated test procedures include aSDebonding of sapphire fibers* requires coatings with a Hertzian indentation technique" and a mixed-mode flexure
debond energy r, : 5 i'm-2 . Few high-temperature materials test' (Figs. I(a) and (b)). For coatings that exhibit debonding,
have intrinsic fracture energies small enough to satisfy such a

I 'This concept is being explored at Corning Incorporated. by K Chyung.

R. J. Kerans--contributing editor

Table 1. Some Materials Thermochemically Stable with A10O
_____at Isom

Manuscript No. 195645. Received May 22, 1992; approved January 29, 1993. Material Ref. Remaks
Presented at the 94th Annual Meeting of the American Ceramic Society, Minne-

pis. MN. April 16, 1992 (Symposium on Ceramic Matrix Composites, Paper "y-TiAI 29 AI20, dissolves
SNpro. d by the Defense Advanced Research Projects Agency under Contract Nb 30 A120 3 dissolves

__ No. MA 972-90-K-001. NiAI 31"*Member American Ceramic Society. ZrO2  32
*1, - 12-20 J-m -', depending on the frac3u1 plane.'
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the fracture energy, r,, may also be determined from these crystalline material; and iiii) a lIom-purit% material tCoor.
tests. The subset of coating materials that satisfy fiber debond- AD-995 and Coors AD-96 subhtrates. respectivels I. The test
ing requirements is then used to address composite perfor- specimens were produced by diffusion bonding. using a proce-
mance. For this purpose. sapphire fibers are coated and dure described elsewhere 'I Bonding at TT,,, - 0.5 allowed 5
incorporated into a brittle matrix. Beam specimens are cut from coatings to be produced %ith relatine densil% lesels in the range
the consolidated plate (Fig. I(c)). with the fibers oriented along 0.65 to I.
the beam axis. Tensile and/or flexural tests are then used to Tests on coated sapphire fibers %ere conducted after incorpo-
assess the interaction of a crack with the coated fibers and to rating into a high-purit% 199.9',Y ) po)l.scrstalline AI.O, matrixn
obtain information about the sliding stress. Tr. The magnitude of For this purpose. submicrometer Al.O, powder (AKP-.5) %%ith a
-r is ascertained from a measurement of the crack opening dis- particle size of -0.2 ;.m obtained from Sumitomo Chemical
placement as a function of the applied load."• Such tests also Co.. Lid.) was isostatically cold-pressed into two thin disk% - 5
permit measurement of the fiber pull-out length, h. and the fiber cm in diameter. These disks were then sintered in air at 1500'C
fracture mirror radii. -" " The latter yield a direct estimate of the for 2 h. A row of coated fibers and loose powder were placed
in situ strengths of fibers, S."t The magnitudes of S and h. in between the disks, the assembly inserted between dies and vac-
turn, give another estimate of'r, and thus provide a useful con- uum hot-pressed at 1500°C for 2 h subject to an axial pressure
sistency check. In addition, "r can be obtained from fiber push- of -2 MPa. These consolidation conditions resulted in an I
through tests (Fig. l(d)).' 22 In the present study, a combina- essentially fully dense matrix.
tion of the above tests is used to assess coating concepts for sap-
phire fibers in polycrystalline AiO. (2) Testing and Analysis 3

Ill. Experimental Procedure (A) Mechanical Behavior: The Hertzian indentation and
mixed-mode flexure testing procedures used with planar speci-

(1) Processing mens have been described elsewhere.""4' The flexural tests
The Pcoaesings wrequired precracking. This step was conducted in three-point
The coatings were deposited either by evaporation, spot- flexure, using a row of Knoop indentations along the tensile

tering, chemical vapor deposition, or sol-gel methods. For the surface to control the crack pop-in load and. hence, the extent
planar geometry, coatings were deposited on two surfaces, of the precrack along the interface.
each representing either the fiber or matrix component of the The tests used with the specimens containing fibers have I
composite. Bonding was then conducted by hot pressing at been performed using a combination of fiber push-out and pull-
homologous temperatures (for the coating material) in the range out techniques. The fiber push-out technique has been
0.4 < TIT. < 0.7. Consequently, the system experienced a described previously." The fiber pull-out tests required that
thermal cycle analogous to that expected for composite pro- chevron notches be machined into beams containing single I
cessing. Specimens containing fibers were produced by sputter fibers (Fig. l(c)). This notch geometry ensured stable crack
or evaporation coating sapphire fibers and incorporating them growth through the beam upon flexural loading. The crack was
into powder matrices, using hot pressing to achieve grown until the crack front passed below the fiber. This
consolidation, occurred with a small crack opening. which induced some fiber l

(A) Coating Deposition: Oxide "sol-gel" coatings were debonding and sliding. After precracking, the beam was sup-
produced from liquid precursor materials. A spin coating appa- ported and the remaining matrix ligament mechanically
ratus was used to deposit the coatings onto the planar substrates removed. This procedure created a specimen consisting of two
used for diffusion bonding. The coated substrates were then blocks of matrix material bridged by a single fiber, amenable to
heat-treated in air to temperatures suitable for pyrolysis of the tensile testing. Tests were conducted in situ in a Hitachi 2100
precursor, typically below 1000°C. During pyrolysis, the film scanning electron microscope (SEM) to permit measurement of
is converted to an oxide. Subsequent iterations were used to the crack opening displacement and the corresponding tensile
increase the thickness of the coating. loads. These measurements may be used to evaluate the sliding I

Sputtered coatings were deposited onto sapphire disks and resistance, -r."
fibers (Saphikon single-crystal sapphire fibers) in an rf diode (B) Analytical Techniques: Specimens for scanning elec-
sputtering unit. The sputtering targets used in most cases were tron microscopy were prepared using standard metallographic
high purity (-?99.9%): only the W target had a lower purity techniques. Carbon-coated samples were examined in a JEOL I
(-99.5%). Oxide coatings were deposited by reactive sput- SM 840 SEM in secondary mode. The microscope was
tering using a 50%-50% mixture of research-grade argon and equipped with a Tracor Northern TN 5500 system. Samples for
oxygen at a total working gas pressure of 6 mtorr. The interme- transmission electron microscopy (TEM) were prepared by
tallic compounds were produced from dual opposed targets of grinding wafers to a final thickness of approximately 100 Jim
the pure elements. Both the refractory metal and intermetallic before cutting 3-mm-diameter specimens. These were subse-
coatings were deposited in an atmosphere comprised of quently dimple-ground and ion milled to electron transparency
research-grade argon at 6 mtorr working gas pressure. The top with Ar at 5 kV and I mA at 140 incidence angle. The samples m
and bottom target voltages were maintained at 3 and 0.5 kV, were examined at 200 kV in a JEOL 2000FX TEM equipped
respectively. Fibers were rotated during coating at - I rpm. with a LINK eXL high take-off angle energy dispersive spec-

Submicrometer-thick Mo coatings were deposited onto sap- troscopy system. Computer simulations and indexing of
phire fibers using an electron beam evaporator and a high- selected area diffraction (SAD) patterns were facilitated by the
purity target. A glow discharge cleaning procedure was used Diffract software package (Microdev Software, Hillsboro, OR i
prior to coating the fibers. Deposition was carried out at rela- 97124).
tively high vacuum (< 10-` torr), with the fibers rotated at - 10
rpm.

The carbon coatings were produced by a low-pressure chem- IV. Coating Characterization
ical vapor deposition technique in which methane was mixed
with research-grade argon carrier gas in a tube furnace. Flow (1) Oxides
rates of 10 cm '/min, for the methane, and 100 cm3/min, for the For the oxide coatings, a range of porosities was generated,
argon, were used. Throughout deposition, the furnace tempera- as illustrated in Fig. 2. At the equivalent bonding cycle, the I
ture was maintained at 12000 to 1300*C. thinner, sol-gel coatings had lower intercoating porosity than

(B) Bonding and Consolidation: For experiments to be the sputtered coatings, whereas the porosity at the interface was
conducted with planar configurations, three different AIO, similar for both. In all cases, the grain size was about equal to
materials were used: (i) (0001) sapphire; (ii) a high-purity poly- the coating thickness. The most notable features found by TEM I
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Fig. 1. Approach adopted to identify viable fiber coating concepts for britle-matnix composites. consisting of developing testing procedures to

I evaluate the debonding and sliding propensities of various coatings on sapphire.

were bend contours in the sapphire caused by residual strains"1  ZrO, and AI20•. Such strains appear to be an inherent problemI (Fig. 3). For unstabilized ZrO, coatings, extensive straining in with oxide coatings, potentially leading to fiber strength degra-
the sapphire was apparent, as well as microcracks within the dation (Appendix).
coating (Fig. 3(A)). This effect diminished with decreasing (2
coating thickness (Fig. 3(B)). Selected area diffraction ini 2 Refractory MetalsI cated that the ZaO 2 was monoclinic and the strains are attributed For the refractory metal coatings, thin foil cross sections for
to the tetragonal-to-monoclinic phase transformation. For ztO2  TEM were difficult to produce, because of debooding. How-
coatings partially stabilized with 3 tool% Y201, the tetragonai ever, for Mo, results have been obtained in two cases: (a) a thin
phase was retained and the intensity of the strain contours (0.7 Ji~m) evaporated coating with the high-purity Al:O• matrixI diminished (Fig. 3(C)). However, some residual strain per- and (b) a thicker (>3 I~m) sputtered coating with the lower-
sisted, attributed to the thermal expansion mismatch between purity AI2O1 matrix. For the former, the coating appeared to
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Fig. 2. hI ) coatin,- sapph ire ftc ri~ produ ed h% h ois udl 1A 0 I IM 11'- 111 WIW~I] tsu-Md al 1(I N (
Ii~oha ppe oa lI MI'a. 111 sputtered :i*Wtinv ditiusmo~n honded at I "IN) 'C lor 12 h 111 M] An aPpleI' Of I \111j. W( puticred m

inue drittuion bonded at 1 300 C tor 4S h \Aithihn apphied loado mit3 \ta

haie some diFntn iigi-. 41Aii but otI.ertise surS ised thle The \poitedci Cr coatings exhibited similar features. A thin
consolid-ation. These discontinuities. which arc Induced bs dil- pol\ CT\stal line chrTOMIUM oide I2t)(inmi thick) "sas attached
fuisioin. are ispical hir thin. pol~cr~.stallitietilmns. FDIS arraI% to the sapphire (Fig. 7). Ax ith the remainder tit the coating being,
""sis% sas unable to detect either Mlo in the Al.() or Al in the Mo(' Cr. Analossis b\ FI')S indicated no Cr in the Al .0. and on[\ trace
F-or the lattcr. a relatixebs thick (3tM nim) dense polxcrvstal- amiounts of Al in the chromium oxide. Selected area diltraction
line Moo(. phase wAas t~ound at the sapphire interla.cce (Fig, patterns established that the chrotmiuni oxide \kaN Cr.0. and
4tB) lin addition. an amorphous silicate phase %%as ohserxed at significn Iooi\eitda h mtloieitrac
the MoO. Mo interface that presumably resulted from \iscouscatprst eitdathemalode nelc.

floA o- te s lia~cfro th plycý saflne 1.0 ino prost\ Debondinug xx a, evident. occurring, beixxeeti the metal and its
flox ofthesilcat frnt he olvc~stllie AO ito oroit~ oxide laser.

at this Interface.
The Mo coatings were also inestigated b,. SEM. after The .sputiirerd \'I coatings oin sapphire exhibited pronounced

deonit or.%uterd oains.oxde partice (identified rigson the sapphire side oit the debond surface 1ie 5 H

as MoO) w&ere found to be attached to the -sapphire in regions These have been associated %kith Fe- and Cr rich _,ratit bound-
where dcbonding occurred between the Mo and sapphire. X-raN ar\ im~pUrt\ phascs. originating- in the sputtering target. The
diffraction of' the debund surface confirmed the presence of, resultinug degradation tit the sapphire. ei ident in Fig .51 H.I
MoO. on the sapphire. Shallowk ridges were also apparent on illustrates the importance tit selecting chenticall\ stale coat-
the sapphire side of the debond surface. having spacings com- ings. Similar features were obsersed at C' AI 0. minerlaces dlit-
parable to the grain size in the metal (Fig. 5fA)). These ridges fusion bonded at high temperatures I141M) 0i under hig-h
are believed to formi at grain boundaries. by diffusion during the cum 'o tr.Frthsstn.terigsrearbtdU
bonding process, as equilibrium dihedral angles are estab- vcu 0"tr) o hss tm h iesaeatiue

lished. Small impressions were evident on the Mo side of the tohefrainfanA .raconpdu.
debonded surface between Mo and the /iigher-puriti A 1.0, Studies olt'he .- AburdMo and Cr tilms,, using WI)S and
tfig. 61. having dimensions which coincide with the AlOt X-ra\ diffraction. revecaled an oxide surface laser. In addition.
grain size. These are believed to have formed b\ def'orration oft there xxtas an oxide laser adjacent to the sapphire. identitied bx\

the Mo during diffusion bonding. peeling the coating, from the substrate. These findings indicate

PI
(BY" ZrO2

Unostabizlryd 2xý Unstabihized Z1`02 '~4 f~IlP

40rn200 nm ,200imn

Fig. .1. (A) t:Siensrx bend contours, in the sapphire %hen unsiahiti/ed ZrO sputtered coatings xxere used It is beties~ed that the contours resultI
from strain in the htibr due to) the vt- "r-Zr() phase transforniation. IIfi The bend contours in the sapphire decrease with coating thickness for the
unstahii/ect sot-get ZrU. coating. (C The extent mit bend contours xxas turther reduced Axhen thin stabili/ed sot-get Zr) coatings were used The
remaining stresses are belies-ed to result trorn ('IF mismatch across the wkellt-bonded intertace
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L. Sapphire 200XO rim

Fig. 4. f A TENI micrograph shossin~p the discontinuous %uhubmoirmeter Mo coatine, on a sapphire tiber in the high-purit% AID. matris tBi TEN!
micrographs of a diffIusion bonded Mo sapphire interface with the lioner-purmt AI () A continuous NloO. phase occur, adjacent it) the sapphire and3 an amorphous silicate phase exists % ithin the intertacial pores between %to and the to(K) phase

that the oxide phase is initiallN deposited on the sapphire sub- Mo. Cr. porous ZrO,. and porous AI.O,. Further studies %ere
strafe during sputtering and tha a surface oxide forms suhse- conhined ito these matierials. The refractory metals would obvi-
quent to deposition. prior to diffusion bonding. ously oxidize during service. The effects of oxide formation on

coating performance would need ito be further studied. In at
V Mechanical Measurements least one instance. for Mo. coating oxidation can be beneficial.

as discussed in Section V(2).
(1) Debonding The debonding propensity of the rtfirwwtr~ metal coatings

Prelminry xpeimets ondutedon lanr seciens was observed to vary with the purity of the AI.O,. When either
Prelminry xpermens cnduced n panarspelrn~ns sapphire or sapphire plus /uig/I-puril)v polycrystalline Al.O, was

with a spherical indenter provided information about the inca- ue.dbnigocre ossetywt ' ' o
dence of debonding at a 30' crack inclination to the interface. N n - m frC.Frhroe sarayntd hIFrom such experiments. it was established that most diffusion- M n - m frC.Frhroe sarayntd h
bonded coatings fornmed high fracture energy interfaces. Only debonding occurred at the interfaces b Ietween either Mo/AI,O,

the oatngsconistig o Mo W.Cr.Zr. nd deondd ~or Mo/MoO, and Cr/Cr.O,. Conversely. when the impu~re Al.O,
he catigs onsstig ofMo,11' Cr Zr andC dhoned on- was used. debonding was not observed in the Herizian indenta-

sistently. Coatings of ZrO - and Y ,Al 5O,, were found to exhibit to et mligalwrbudfr1,o 6Jm2'Ti
variable debonding tendencies. Coatings of Nb, -y-TiAl. and beaionret impyn attibuer toun thsiiat phas fofn a6i t thisNiAI did not debond. Furthermore, from the list of promising behavior isnateributed.t thc seeinlctyhs found a trn the&
coating materials, several were observed to chemically react MoMOinefcwchsmngyorsatogbnd 2

with the sapphire during diffusion bonding. The only coating and increases r, for that interface. In addition, as already noted,
materials from this set which were found to be c/seinicall v st MoO. appears to bond well with sapphire.
ble with sapphire above I 3(X)'C and to reliablY debond were

_________'This tower hound is V 0 8 V,. correspionding to a crack interlacc inctinationI*Form~ed h% chemical reacution durine. ho~nding w ith Y .0. costines ol 30' with Y, 20 Jm

Fig. 5. (Al ShallowRidges osre on thSapphire srae0 osphr ifso opeuo eodn.()Poone igso h

debonded sapphire surface when an impure W coaling was used. The grain boundary impurity phase is composed of Fe and Cr.
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F%. 6. Mo coating conforming to fth surface features of a high- (A)
purity polycrystalline AIO, substrate during diffusion bonding.

The results fbr the oxide coatings were found to be sensitive I1 I
to the coating porosity. The dense coatings. which have a rela- Ii
tively high interfacial fracture energy, debond along the inter-

face. But debonding only occurred when the crack approached

having the lowest relative density (p - 0.65), exhibited a rela- i
tively low interfacial fracture energy. r, - 5r J--2, and I
debonded within the coating. at all crack inclinations. Such
debonds exhibit fracture surface features typical of those for
porous ceramics." These debonding tendencies are rationalized -

by using the coating density, p, as a plotting variable against the 'A
ratio of the interfacial fracture energy to sapphire fractureenry rxr(Fig. B(A)). \\Vk" I

The debonding results obtained for all of the above coatingsI
can be displayed on a debond diagram, relevant to sapphire __3

fiber-reinforced brittle-matrix composites (Fig. 8(B)). Jigr

0.5 0 0.5 1.0

Elastic Mismatch, a1 3
(B)

Fig. S. (A) The relative density of oxide coatings plotted as a func-
tion of r/r, clarifies the role of coating porosity in the debonding pro-
cess. (B) A summary of the interfacial fracture energy measurements
.for various coatings on sapphire is presented on a "debond map." Coat-

Z. It ings which fall within the fiber debonding regime of the map have some
potential for sapphire fibers. However, coatings denoted by * were
found to chemically react with sapphire; these were precluded from fur- I

CX. ther consideration.

(2) Sliding Resiot •ce

For porous oxide coatings on sapphire fibers in a polycrystal-
line A120, matrix, single-fiber tests revealed small fiber pull-out
(Fig. 9). Debonding resulted in a monolayer of the oxide parti-
cles attached to the fiber that remained throughout the sliding I
process (Fig. 9). These particles are believed to act as asperities

that resist sliding, resulting in a relatively large sliding stress, r.
This stress was estimated from the pull-out length and the frac-
ture'b.•' mirror radius to be -140 MPa (Table 11). A similar £
value was obtained from fiber push-out measurements. This
value of r is larger than that required for optimum composite
strength and toughness.

The refractory metal coatings debond readily during single-
fiber pull-out tests, but the coating is plastically deformed. This
deformation occurs because the coating conforms to both the

FIg. 7. Cr/sapphire diffusion bond containing a Cr.O, phase adjacent matrix and the fiber during consolidation and results in prohibi-
to the interface. tively high sliding resistances, such that little fiber pull-out
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Sbol() or CrO.) : " A sNsteniatic stud% vould be needed toidentil.\ the Critic:al tactort Ili

Osid( ootng'. " hich Iorm strong interlaces % ith sapphire.A12 03  can also be useful debn•d coatings. pro% ided that the% contain a
Matrx swnitic.ant amount of rxrosit.\ subsequent it)cmo ¢11•i1t. •'onmili-

dalton. The po~rosit% in thec,. .oalino, pro%. ides, a lki%. fracture
I!!lll~ j •+ener.,.,, path causing debo•nding within the coating. 1"he prac.-l,

"Cal problem of ensuring coating porosit. mna bN approached b%

incorporating a second phasc material., such as colloidal graph-
ite, into the coating and remos ing it after the composite is
consolidated-'I S hrThe sliding characteriqtics of the .,arious interlaces %ere alsoinvestigated. The sliding resistance obtained on interfaces pro-

Fibr duced with refractor% metal coatings is apparently too high for
signif•cant fiber pull-out, because the coating deforms during
sliding However. for coatings such as Mo. which form volatileoxides, the interfacial sliding resistance can he signiticantls
reduced through coating removal by heat treatment in air. Fugi-

tive carbon coatings also have this attribute."' but were not used

Fig. 9. A porous oxide interface led ito fiber pull-out of a few iber in this studs because the carbon reacted with the sapphire in the
diameters. Oxide particles were observed to sinter to the sapphire fiber diffusion bonding experiments. It is recognized. however, that
and remained attached during pull-out. The fracture mirror on the tiber altering the processing conditions could eliminate this problem.
is also visible. Once the coating has been removed, the fiber surface and

matrix roughness provide the sliding resistance needed for load
transfer. The resultant system is also oxidativelk stable. The
coating thickness relative to the fiber and matrix roughness
amplitude is now a key parameter.-' An optimization stud), is in

occurs (Fig. 10). Similar behavior is found during push-out progress.
tests (Fig. I I(A)), which also indicate a high sliding resistance. The sliding resistances of oxide coatings examined in this
-r 120 MPa (Fig. 13). study were also unacceptably high. because of the undulating

A reduction in the sliding resistance for Mo-coatd fibers has debond trajectory. It is believed that T can be reduced if the
been achieved by removing the (coating, after L,,mposite consol- grain size and porosity of the coating are carefully controlled.
idation. to leave a gap between the fiber and the matrix. This Further studies of the effect of debond surface irregularities on
has been accomplished by heating the composite in air the sliding behavior are needed to address this issue.
i(000°C for 2 h). The surface roughness of the tiber and the Fiber strength degradation is another concern for oxide coat-
matrix then provide the sliding resistance. For coatings some- ings. When reaction products with the fiber coating are
what thicker than the asperity amplitude on the fiber (- I f.m). avoided, potential Sources of fiber strength degradation persist,
the sliding resistance obtained from crack opening displace- including residual strain (Fig. 3) and undulations produced on
ment measurements in single-fiber pull-out tests is found to be the fiber surface by diffusion (Fig. 5). Some basic characteris-
small (T < I MPa), with large associated pull-out lengths (Fig. tics are amenable to analysis (Appendix). The predictions (Fig.
12). This sliding resistance is too low for the requisite combina- 14) indicate that m-ZrO, coatings are unacceptable because, for
tion of strength and toughness in the composite. For thinner typical coating thicknesses (h - 0. 1-I jim). the large mismatch
(-0.7 f.m) coatings, push-out tests indicate a sliding resistance stresses caused by the transformation lead to fiber strengths
within the requisite range. T - 20 MPa (Fig. 13). with no evi- below the acceptable limit for high-performance applications
dence of wear mechanisms on the fiber surface (Fig. I 1(B)). (S < I GPa). Furthermore, coatings such as YAG with a mis-

match governed by thermal expansion are also predicted to
I VI. Concluding Remarks cause an unacceptably low fiber strength (S < 2 GPa), unless
e Can csluding prpemres the coatings are thin (h < 3 RIm). A general implication is that

The debonding and sliding properties of various coating
materials on sapphire fibers have been evaluated. In general,
most materials bonded well to sapphire. The notable exceptions
were certain refractory metals (such as Mo. Cr. and W) which
formed low fracture energy interfaces with sapphire. Several
factors may be responsible for the low debond energies: poros-
ity at the interfaces, oxygen dissolved in the metal (that sup-
presses plastic dissipation)." and the formation of a metal oxide

SiBecause Mo forms volatile oxide%

Table 11. Sliding Stress with Porous Alumina Interface
Fracture mirror In situ liher Pullout Sliding " . ,.

radius. a. strength.S* length. stress.r.

27 1.68 193 142
'S = 3.5 K,,'15.'•). where K. is the li•er toughncs, 1 25 MPa) S " r. 2h1. Fig. 10. Short fiber pull-out lengths were observed when Mo coat-

where r is the sapphire liher radius ings were used.
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Fig. 13. Fiber push-out curves reveal that the interfacial slidingI
resistance was decreased to an acceptable level by removing the submi-

Fig. 11. The surface morphology of the pushed-out sapphire fibers crometer thick (0. 7 l.rn) Mo coating from the interface.
was found to change when the Mo coating whas removed by oxidation.
(A) as-hot-pressed condition: (B) heat-treated condition.

6,1
oxide coatings, which ty.pically bond well to sapphire. are a
possible source of fhtxr strength degradation. The extent of A23oO9
degradation is diminisr~t.d by thin coatings and small thermal :IOmo9
expansion mismatch. Also. porosity in the coating tends to alle- 0-_ 43
viate the degradation problem.

uncoated
APPENDIX - --- VAG. (,--09)

Fiber Degradation 2 - nstabized

When the coating is in residual tension caused hs thermnal
expansion misfit, the coating cracks before fiber failure and ___ ___ ___ __

nta, cause a degradation in fiber strength. When this crack pen- -___________(P=09)_______

etrates into the fiber, the stress, intensity factor. K,. for a crack 0 0ý5 1.0 1.5 2.0 25 30
of 14depth a associated with the residual field from the coating Coating Thickness, h (prm)
is

KR = I. lEFrh,,\'ra I - v) Fig. 14. The predicted influence of oxide coatings on the strength of
sapphire fiber: p is the coating density. It is assumed that the uncoated

I. I (rhIl r a (A- I fibers have astrengthS,, = 2.5 GPa.
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where c , is the misfit scrain. h the coating thickness. E, its ') 8 Da% i. H C (a.. G "... ..nd A G t-_ % n,. -The I-riciurc 1-ncre.% i
Young's modulus. v its Poisson's ratio, and or,, the misfit stress. interlace, An Eljisik lndent.ii..n 1c,:hntqu,'. 4., A/too // rl ital., or
The applied stress a also induces a stress intensity" "P~ G ( rlmit, H C C..... J Lund. a.nd A G t-s..n'. "LL~scI.pontni

tit a Test Sleth,od 1,)r Sicasuring the %lrs..d %hide. 1-rajurc ~iin~ . Hi~mater
I.= 1.7 lo \,rA-2i tit Interface.' i.5, It Mawcr, 111 2h4-1 I ('Nih

'I1) B %larshill. !vI C Shiii...and 'A L Sos eju.'~n $i~~t.ii
By adding the K's and equating to the fracture resistance of the Dchomndine and Slidin: kc~isujnec in Fiber kciintr~cd Inirer.iajl.5 s A
fiber, the stress/crack length relation becomes ii/5lic401434l'i

!vI tDToks.( S'bjwi,,r. t. S Sic'i. and A Gi Esans. -+Itcci~i inteIsr
face. Mccha.nical Prtipertres ton Pulihiut in a SiC.Fhib'r-Rcinitoritcd Lithium Xla-

09 [E. 1, o',,h I - mninun Silicate GlassCcranmic.*J Ain Cer,.,, S-, 721-al 2"-;'3 Q~
Ira ir "F E Heredia. S MI Spearing. A Gi Esans. P Sloshe.r. and %' A Curtin.I Mechan...al Proprertics of Congintxus- Fiber- Reinhforced Carb-si %ltains Con,Differentiating Eq. (A-3) and setting doy/da = (0 for the maxi- rx)itce and Rclaltionships tit Cnstirtueni Properties. J .4' itniCra Soo,. 75

mum, cr__,~ gives a fiber strength, liiiA0(17-25t4992)
'%V A Curlin. "Theors o~f Mec.hanic.al Properties of Ceram~ic-Matri., Com,-

S =_ cr., = O.2(E,F,/anh) (A-4) fsisiies.-J "m (Ceran Son-. 741111 2K37-45 i 199flI 'D B Marshall and W C Oliver. -Measuremcn iot Interfacial MechanicalThis result applies when S is smaller than the strength So, of the Properoies in Fiber- Reanhorced Ceramic Compostites." J Am Ceram So,,. 70
uncoated fibers. Fiber strengths as a function of coating thick- [NJ 542.-414 1987)

"P D. Jert) and R. J Ker-ans. The: Continhution of( Interlaial Rouighness ito
ness for a range of dense and porous oxide coatings are plotted Sliding Friction of Ceramic Fibers. in a Glass Matixs.� Si r Metal) Matier. 24.1in Fig. 14. 2315-18 11Y)

"T. J Mackin. P D. Warren. and A. G Evans. The Effects tit Fiber
Ro~ughness on Interface Sliding in Compotsite'.. Aila Mi'tal/ Mater. 40 [h)
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I Airaftt-Invatigations of cracking in multilayered ceriumc/metal composites ar presented. Two aspects
are considered: crack renudeation across intact single metal layers and subsequent crack extension. Crack
renudleation criteria are determined and compared with predictions. High-resolution strain-mapping
techniques are employed to determine the surface strain fields surrounding cracks. Good agreement is
found between thes experimental measurements and the predictions of a small-scale yielding model.
Subsequent crack progression ocaurs eother by the extension of a dominant, nearly planar crack or by
the formation of a zone of periodically spaced cracks. Both patterns are analyed. The dominant cracking
behavior is found to depend on the volume fraction and yield strength of the metal.

1. INEIODUCTION layer but only a small distance (compared with theI crack length) along the layer and (ii) a large-scale
The macroscopic mechanical properties of layered yieldingth) or she lay (S ) l araeterile
metal/cenimic composites are governed by the yielding (LSY), or shear lag (SL) limit, characterized
metceanismi ofdeformponi aredgoveam e thet occu by the plastic zone extending a relatively large dis-

damagetat tance normal to the crack. The SSY limit exhibitsSmechaam of deformation and dmg htoccur rsl nlclla hrn.TeLYlmti

upon loading [1--6). Especially important is relatively large stress concentrations and is expected
manner in which cracks that first form in brittle layers to result in local load sharing. The LSY limit Is
communicate further damage to the neighboring typified by much smaller stress concentrations and
layers. Two limiting responses have been identified: may allow global load sharing. Investigation of these
global and local load sharing [11]. When global load stress fields (including their relationship with the
sharing applies, the stress redistribution caused by a cracking sequence) should provide insight into the
crack results in a uniformly increased stress in all of transition in mechanism. The present study describes
the remaining uncracked layers. Consequently, a experimental approaches for measuring the stress and
straightforward stochastic approach can be used to displacement fields around such cracks, and corn-
characterize the mechanical prperties, leading to a
damage mechanics representation. Conversely, local Pam the results with calulated stress fields.I load sharing results in a stress concentration around
an initial crack formed within one layer, which causes 2. EXPERIMENTAL

damage to progress laterally, often as a dominant 2.1. Materials
mode I crack. In this case, large-scale bridging

Smechanics is appropriate. As yet, there is no Metal/ceramic multilayers were produced by
fundamental understanding of the properties of the vacuum diffusion bonding preceaned metal and
layers and of the interfaces that govern the occur- ceramic sheets. Bonding was conducted at
rence of these extreme behaviors (or of intermediate homologous temperatures for the metal, T/T, - 0.9,
mechanisms). The present article addresses the for - 24 h, with an applied compression - 2 MPa, in
criterion that governs this fracture mechanism a vacuum (- 10-' torr). The composites were

transition. prepared from two grades of aluminum oxidet one
A previous study provided some understanding of of higher strength than the other, bonded to high

the stress fields around a crack within a ductile-brittle purity aluminum or copper. These systems have

layered composite (2]. For a crack located in a brittle strongly bonded interfaces (31. The properties of
layer with its tip incident upon a ductile layer the constituents are summarized in Table 1. The

I (as illustrated in Fig. 1), two limits were identified: thicknesses of the layers, as well as the ratios of the
(i) a small-scale yielding (SSY) limit, wherein the metal thickness, h6, to the ceramic thickness, h,,
plastic zone extends completely through the ductile were varied, but in all cam, a total multilayer
_thickness of 4-8 mm was used. The range of

i~oor _ ADS-995, which is relatively pure and h high systems and diffusion bonding conditions are sum-

flexural strength, and Coors ADS-96, which is less pun marized in Table 2. Some specimens with relatively
"and has lower strength. thick (2 mm) A10 3 outer layers were used

I 3311
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dimensions by using the calibration for an elastically
t t homogeneous beam (Section 4.1) [7].

Optical micrographs of the crack tip region were
analyzed to determine the opening displacement, 6.,
of the cracked ceramic layer adjacent to the metal, theU/(o) x strain, t,, in the neighboring ceramic layer, and the
wplastic zone size, 1, (Fig. 1). This was achieved by

he 0 ic measuring differential displacements of correspond-
ing image features in pairs of micrographs: one taken
at zero load (the reference) and the other obtained
under load. Two image analysis techniques were

coo used: stereo viewing of pairs of micrographs [8] and
Fig. I. Schematic illustrating the crack geometry and the a computerized image comparison procedure [9] M

parameters measured in the experiments. (HASMAP-High Accuracy Strain MAPing). The
latter technique determines full-field maps of in-plane

in order to establish a well-developed crack prior to displacements, which can be differentiated to produce
testing [Fig. 2(a)]. the in-plane strain fields. Since both methods measure I

differential displacements, their sensitivity is much2.2. Measurements greater &A.u• the point-to-point resolution of the

In situ observations of crack growth in the multi- micrographs.t
layered composites were obtained on beam specimens Strain distributions were also measured using
with notches cut to a depth of - 50% of the thickness microscopic high-resolution moiri interferometry.
of the outer ceramic layer with a diamond saw. The The procedure involved depositing a diffraction
specimens were polished optically flat on one face to grating on the specimen surface and forming a moiri U
allow observations of crack growth. Cracks were interference pattern between the specimen grating
initiated from the root of the notch and then extended and a fixed reference grating during loading of the
stably to the interface using a loading fixture attached specimen [10, 11). The moire image consists of fringes
to the stage of an optical microscope [Fig. 2(a)]. Most which define contours of constant displacement, with I
tests were done in ambient air. However, to examine the increment between fringes being equal to one-half
environmental susceptibility, a few tests on the of the grating period. A fringe multiplication
A 20 3/AI materials were done in dry N2 . High technique was used [10] to increase the differential
magnification micrographs were obtained from the displacement resolution to 36 nm/fringe. Interfero- I
crack tip region during loading. In all cases, cracks graphs were obtained in two orthogonal directions, x
were oriented with the crack plane perpendicular to or y (Fig. 1), by using two interpenetrating diffraction
the layers (Figs I and 2) and the loads were applied gratings oriented at 900. The strains c, were deter-
in four-point flexure. Typical specimen dimensions mined by measuring fringe spacings along a line
were I x 8 x 30 mm, with the inner and outer loading within the ceramic layer, 5 pm from the interface. The
point separations being 10 and 25 mm. The nominal u,,(y) stress was then estimated using the plane stress
mode I stress intensity factors K, were evaluated from relation [121 I
the measured loads, crack lengths and specimen ( 2  E[ (1)

tDisplacement resolution of 10 m is achieved from optical where v is Poisson's ratio and E is Young's modulus
micrographs. of the A12 0 3 .

Table I. Properties of constituents

Thermal expansion Young's Uniaxisi yield Work hardeningcoeicieut modulus strnmgth coefficient

Constituent a (X 10-'C-E) (GPi) go (MPS) n

A120 3  8 380 - -

Al 25 70 50 0.2
Cu 17 120 70 0.3

Table 2. Summary of diffusion bonding conditions

Bonding Bonding Bonding AI20 3  Metaltemperatur Pfs time thickness thickness
Mulhilayer (VC) (MN) (h) (pm) (pis)

620 1.5 20 45 250680 8,25,50,1)00.2.50
A/A1203 655 2.6 20 6125 250

682 8,425,100,250
Cu/AI20, 940 I 24 480 25, 130
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Fig. 2. (a) Schematic illustrating the specimen type and loading geometry where M is the applied bending
moment. (b, c, d) Cracking patterns determined by optical microscopy: (b) single crack in a system with
AI/480 gm A1201. (c) multiple cracking in composites with AI12S5 jm AI20 3 and (d) AI14Spm A120 3 .

Arrows indicate the crack locations. All three composites contained 250 pm thick Al layers.
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Fig 3 Scanning electron micrographs of fracture surfaces o ,%1,O, multilayers, showing a single
aluminum layer sandwiched between twI ,umtina layers. 3

In materials with relatively thick AI.O, layers 20

(>480pim). average strains, i, were measured with CUA10
strain gauge over an area r0.6 x 0.25 mm. - .- .1.130m g

The strength distribution of the higher strength
alumina was measured using four-point flexural load- " is
ing of specimens cut from as-received plates (680 pm
thick) and from plates that had been surface-ground C-L 3
to reduce their thickness to 450pm. The strength " N ,..2-m-
distribution of the lower strength alumina was also v 101
measured using four-point flexural loading of (I N
specimens cut from as-received plates (2 mm thick).
The cumulative probability of failure, O(S). was "
determined (using order statistics) as a function of the ® s
nominal strength. S. for both types of alumina, by IK
using the volume flaw solution (see Section 3) [13J 0

-In[I - (S)]=(S,'S11 )(LhVO) 0 _, ___, ___, ___, I
x (n + 2).'4(m + 1)2 (2) 0 02 0.4 0.6 0.8

where L is the test span, w is the specimen width and Crack Extension, Aa (mm)

h is the specimen thickness, with V0 being a reference
volume (taken to be I m') and So and m the reference 3strength and shape parameters. 3

Al / AI203

3. RESULTS air h 25Osm I
3. . Crack growih 20

In multilayered composites with low volume 0
fractions of metal (, < 0.3). a single crack formed in
each ceramic layer ahead of the notch during fracture
of precracked beams [Fig. 2(b)]. No interfacial ®

Cdebonding occurred in any of the composites, during %V
either crack renucleation or subsequent fracture. t
despite extensive plastic stretching of the metal lavers Cc N

(Fig. 3). Furthermore. the cracks renuci I
sequentially in adjoining layers on nearly the K. hm,25pm I
plane as the notch. The damage is thus viewed . a
dominant mode I crack, with the crack tip taken to 2 301

be the edge of the furthest cracked ceramic layer.
A nominal stress intensity factor K, can then be Crack Extension, Aa (mm)
defined as the loading parameter. Fig. 4. Measured crack growth resistance, K,, as a

The growth of mode I cracks in systems containing function of crack extension. Aa, for several multilayered
ceramic layers of thickness greater than that of the composites.
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metal layers (h-450-68pn. A., - 8-250jum) may 1.0 1 1 1 a
be represented by resistance curves (Fig. 4). Two 0values of the Stressintemity factor camtcterine crack0A

growth: (i) that needed for initial crack renucleation 4? •
across intact metal layers, KN, and (ii) that needed for
subsequent crack growth, Ka. Initial crack growth is
controlled by crack renucleation in the ceramic layer A
ahead of the crack tip, whereas K, increases during 0*0
(a) 0

2 0S,
oA U

o0 A

0.0 r

0P, e Oftet, A g h.
Fig. 6. Cumulative distribution, #,, of the offset, A. in crack

reulainlocation nomnalizd by tle metal layer thwk.

Shsubsequent crack growth because of the bridging
effect of intact metal layers in the crack wake. For a

(b)~ given material combination and environment (Fig. U)Is the renucleation resistance increased with the thick.

ness of the metal layers. The values of KN ranged
ýE SU4wupsbetween 5 and 17 MIN ./m, in all cases, higher than

I 10- the fracture toughness of alumina (14] (K0,- 3.5 to
4 MN /m) (Fig. 5(a)]. The values of K. were also
systematically higher in Cu/Al 03 composites con-IJ

SUPtaining the higher strength A120 3 than in equivalent

Koo 0 CW composites with the lower strength A12,0 3 (Fig. 5(b)J.
o CWk STesting of the Al/Al2 03 Composites in air resulted in

0lower values of KN than testing in dry N2 , impyn
a sensitivity of crack renucleation to moisture [Fig.M etal " hrt d mn . h,,, p m) 5( c)].

! TFinally, the locations at which the cracks
(c) 20 renucleated were usually offset from the crack plane

I in the previously cracked A1203 layer. MW offset
LL is- ~~~~~~~~distances, A, maue o opstswt ea

iI slayers of various thicknesses are shown in Fig. 6 as
SIa single probability distribution, plotted as a function

S10 of A normalized by the thickness, h., of the metal
layers. The results indicate that A scales with h,.

5 3.2. Crack tip opening displacement
The stationary crack tip opening displacements, 6.,

o0 I02o 3m were determined by stereoscopy from In situ optical

Mmicrographs obtained before cracks renucleated in
Mt 5 h• (in) the ceramic layer ahead of the precrack. For each

Fig. S. (a) Crack renucleation strem intensity factor, K., as specimen, 6o was found to increase with increasing KI,
a function of metal layer thickness, 4, for (a) composites following the proportionality, 60ocKf [Fig. 7(a)J. This
fabrcated from the higher strength alumina and tested in an proportionality suggests that the data may be
air envirnonment. Also shown is the SSY prediction for a
median caramic strength, S. - 460 MPa. (b) KN for compared with the solution for a homogeneous metal
copper/aluming compostes fabricated from eit&r the in the mall scale yielding limit, given by (15, 161
highe strength or lower strength alumina and tested in an HK' 3
euvironmenL Also shown are the SSY predictions for KM 6° (3)
for median ceramic strengths of S. - 460MPa and
S. - 310 MP. (c) K, for almm/alumina ullayers
fabricated from the hiW trethalumina tested in air and where E. and o0 are the Young's modulus and

dry nitrogen uniaxial yield strength of the metal and H is a
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t asay - .Iat each of three values of the applied stress intensity 3mot.---. factor indicate that local srum concentrations existi
agoo

No.~: ahead of the crack tip, with peakoffset symmetri-
cally by approximately 50 pm from the crack plane.5 -- ,, wiheadofthestrainstip, withe metals olaye dslym ed

The magnitude of the peak stress incraes linearly

a similar distribution as those in the intact ceramic
layer, but were much larger in magnitude with a
plastic zone that extended beyond the field of view

- " (±350pm).

V, (LWa ýf/f The distribution of shear strains (as determined by
HASMAP) around a crack in another Cu/AI203 I

•=Al multilayered composite with thicker copper layers
(130 im) is shown in Fig. II. A zone of localized
plastic strain within the copper layer ahead of the
crack tip is evident. The zone extends to the side of
the crack to a distance approximately 7 times the

? (b) metal layer thickness (I, f 1mm).

S0.3.4. Multiple crackingp• * In composites with larger volume fractions of
* 1 metal (f. > 0.7), multiple cracks formed within the

A12 03 layers (Fig. 2(c,d)] after initial renucleation

0 ;t an' ON from the precrack. Furthermore, in multilayers with
IA•= (P-") the highest metal volume firaction [f. -0.85,

Fig. 7. (a) Crack tip opening displacements, 60, as a Fig. 2(d)], lateral spreading of multiple cracks within

function of the square of the applied stress intensity factor, the same brittle layer often occurred in preference to
K2. for several multilayer systems Alo shown is the forward progression of the main crack. In all cases,
predicon (equation (3)]. (b) The non-dimmeonal par- the crack density eventually saturated within a dam-
ameter, H - 6Ea&olX1 as a function of inverse metal layer age zone - 2 mm in total width [approximately twice

thickn= for several different multilayer systems. the width of the region of the specimen containing the
thin ceramic layers, Fig. 2(a)), with the distribution,

non-dimensional parameter. For homogeneous 0., of crack spacings shown in Fig. 12. It is evident
metals, H depends only on the work hardening that the mean crack spacing at saturation, I.,
coefficient, and typically has values of 0.48 for increases as the alumina layer thickness increases.
aluminum and 0.18 for copper [16, 171. It is apparent
from Fig. 7(b) that smaller values of H obtain for all 3.5. Alumina strengths
of the layered materials. Moreover, the magnitude of The strength distributions measured on the as- H
H decreases with decreasing metal layer thickness sintered and surface-ground specimens of the higher
[Fig. 7(b)) and, at given layer thickness, is lower for strength A120 3 were indistinguishable [Fig. 13(a)],
the multilayers containing copper than for those
containing aluminum, consistent with the trend in H 300

for the homogeneous metals. I /

3.3. Strain measurements a*0

The average strains, !,, measured using strain "20 - '* *aI
gauges in the A120 3 layers directly opposite the 10 .0
precrack increased with increasing /• (Fig. 8). Both • •
the magnitude of the strain and the rate of increase
in strain, at given 4, increased with decreasing metal
layer thickness.

A moir6 interference micrograph showing fringes
of constant displacement in the vertical (y) direction,
obtained from the region surrounding a crack tip in 0
a multilayered Cu/A1203 composite, is shown in 0 2 4 5 a 10

Fig. 9. The stresses, a,,, along the edge of the A120 3  K• (MPa,/'r)
layer ahead of the crack tip, evaluated from the
micrographs (by using equation (!)) are plotted in Fig. 8. Average stresses, &,, in ceramic layers directly

opposite the crack determined with a strain puw, for
Fig. 10, along with theoretical predictions to be several multilayers. Also shown are the predictions for E,

discussed in the following section. The data obtained from equation (A2).
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25 Pim Co~pae Layer

I
I

I

I x
Fig. 9. High-resolution moire interferograph of the crack tip region._in a Cu/AI20 3 multilayer

i ~ when subjected to an applied stress intensity factor of K1 ff 7.7 MPa •/m Each fringe represents a
contour of constant differential displacement of 36 nm in the vertical direction (y-direction).

I __M__,,,K 1

I- SY I 5.1
S*• 6.4 j yy (MPa)

---S.L I W.S.

A80A

3 A -00. AA•

K1-731iVa M LAII Serea* Yll g Sre Sere

i e4 " • E q. [91 ytalin

--------------------------------------- - .--------/---...........

KI (M P aIX

-200 -100 Inial 100 200

Crack
(y-O)Position, y (ps)

Fig. l0. Stress distributions, o',(y), obtained by moire intarferometry at three loads (K1 =-5.1, 6.4 andI "7.7 MPa .. /m). Comparisons with SSY and LSY predictions are also shown.
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I
-0-012a

A I
- 0.000I

" ~I

200 gm

Fig. It, Contour map of the in-plane shear strain distribution. i.,, measured by HASMAP just before
crack renucleation in a copper alumina multilayer. The contour intervals represent a strain of 6 x 10-4.

0.8 -0 hc... 1 I MM 01 ~01
0

0.6 - f 0

1 0.6 j
o oo

0 0 *
E0.2 3 0

3 0

0 0.
100 200 300 400 50 600 aM• -2 m-S

Crack Spacing. ý (prm) -v. -I

Fig. 12. Distribution, 0., of crack spacings, at saturation, Q o _ o 450 SW sso
from several multiply cracked aluminum alumina specimes
containing 45 and 12 5Mum thick alumina layers with 250,um Strength (MPal

thick aluminum layers.

- ADS-26
suggesting that the strength is controlled by volume " A S J
flaws.t The data from both types of specimens were 2 0,a I
combined, and the magnitudes of the shape =t

parameter, m, and the reference strength. So, were (b)
ascertained by fitting equation (2) to the data, giving • i,1- 7 o- P

VoSO' = 2.9 x 101 MPam.mi. The corresponding .2 S. 20 iU
median strength is, Sm= 460 MPa. For the lower Va o l5

strength A12 0 3  (as-sintered), VoS•' = 1.2 x 3. _

I 0MPam-m" and the median strength is, - -5 4

S. = 380 MPa [Fig. 13(b)]. Strength (MPa)

Fig. 13. Cumulative failure probabilities (a) for plates of the

fAlthough it is possible that the surface flaw distributions higher strength AI.0, in the as-received and machined
were the same within the measurement accuracy, it is conditions, and (b) plates of the lower strength alumina in
considered unlikely, the as-received condition.
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4. COMPARISON WflH MODELS in Fig. 10. The SSY predictions agree reasonably well
with the experimental results, including the locations

4.!. Crack tp stresses of the peak stress which are offset from the crack
Two limiting solutions have been identified for the plane. Conversely, the LSY solution substantially

stresses, a,,(x, y), within intact brittle layers ahead of underestimates the magnitudes of the stresses and
the crack tip in layered metal/ceramic composites. In fails to predict the location of maximum stress.
the small-scale yielding (SSY) limit, the stresses along Additionally, the SSY predictions are compared with
the crack plane closely approximate the elastic the strain gauge measurements, made over a range of
solution [2] loads (Fig. 8; Appendix A). Again, the SSY predic-S,(x, 0) % K1/.2/_ (x h-) (4) tions agree reasonably well with the data.

The stress distributions at x - h. in the ceramic
where K, is computed for an elastically homogenous layer ahead of the crack tip can be used in conjunc-
medium. This result holds even when the Plastic zone tion with the measured strength of the ceramic to
extends both through the metal layer and laterally up predict failure of the ceramic layer and thus, the
to a distance several times the metal layer thickness. renucleation stress intensity factor, KN. A simple
The corresponding stresses in the intact ceramic layer estimate is obtained by equating the stress (at
alongside the metal/ceramic interface (x-h .) am x-h., y-0) from equation (5) to the median
given by (181 strength, S., of the A120 3 layers.t For small-scale

K, (5) yielding, this gives
-./x K, = S. .r21)

with The prediction of equation (1I), with S.= 460 MPa
( ) 1 + 30n( )sin((() (from Fig. 13), agrees reasonably well with measured,,2-,, -'\2I D values of KN for materials with metal layers of various

where r and 0 are the radial and angular o thicknesses [Fig. 5(a)]. Furthermore, the decrease in
crack tip (Fig. !) KN in multilayers fabricated from the lower strengthfro tharc i Fg )Jlumi no [Fig. 5(b>)] also is consistent with the,

r _11,/ I- P2 predicted decrease in K4 resulting from a lower S,.
IV\ These correlations with the SSY predictions apply

0 = . (6) even though the normalized plastic zone size extends
t up to 4/a f2 (Fig. 11). Consequently, the SSY

An estimate of the size of the slip zone, obtained by stresses seemingly apply over a wider range of plastic
equating a, to the shear yield strength of the metal zone sz than had been expected [2), although these

[with K, - a./-iZ in equation (5)L, is [2] findings are consistent with rce-nt calculations 119].

1,/a0 - 0.38(o./ao0) (7) 4.2. Multiple cracking
where o,, is the applied tensile stress and a0 is the 4.2.1. Transition from single to multiple crack-
length of the precrack. For larger slip lengths, ing. The criterion for the transition from single to
corresponding to large-scale yielding (LSY), a finite multiple cracking is a key design parameter for this
element analysis has been used to evaluate the stresses class of multilayered composites. Since the present
[2]. The peak stress in the ceramic layer is [2] experiments indicate that SSY conditions dominate,

5.81 1 this transition does not appear to be related to the
a,(h., ) + / a). (8) onset of LSY conditions. Instead, it is suggested that

the transition occurs when new cracks are formed in
The distribution of a,, stresses in the intact ceramic the A1203 layers in the crack wake. For wake crack-
layer for 0.05 ;i (y/4) ;i I is [2] ing to occur preferentially, the local stresses in the

ln(y/l)1 wake must exceed those ahead of the crack, as well
w (9) as reach the fracture strength of t ceramic layers.

These stresses are influenced by two contributions:
where Q is a dimensionless parameter and w is the the K-field of the main crack tip and the bridging
specimen width [2]. The corresponding slip length is tractions exerted by the intact, but plastically

1,/ao = /l3a. /oo. (10) stretched, metal layers. The stresses associated with
e pthe K-field are always smaller in the wake than ahead

The predicted stresses, given by equations (5) and of the crack tip. However, the contribution from the
(9), are compared with the moire interferometry data bridging tractions can be sufficient to make the wake

stress larger than the tip stress. This contribution
tA more rigorous analysis would entail statistical analysis depends on the magnitude of the bridging tractions,

of fracture, using the measured strength distribution ofthe A120, layers and the nonuniform stress field of T, the relative area over which the tractions are
Eqn. (5). Preliminary calulations indicate that the pre- applied (the volume fraction of the metal) and the
sent simplification does not result in significant error. absolute thicknesses of the individual layers. The
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magniude of Tis known to depend on the metal yield S. CONCLUSION6
strength and the local crack opening [20,21). I

A ample model for wake cracking, involving a Crack growth and damage accumulation a n
primary crack traversing throe ceramic layers and s'onl5y bonded c-raiiclmetal mullayes have bee
partially bridged by two intact metal layers, is nvetigted, with pk tcular emphal on the a

analyzed in Appendix B (Fig. BI). Approximat criterion for crack advance, as well as on crack

analytical solutions for the wake stresses as a function extension patterns. Crack renucleation beyond inter-

of distance from the crack plane, for this particular vening metal layers is found to be governed by the

g y (Fig. 112), indicate that the stss in m small-scale yielding stress field. Plastic flow within the

from zro at the crack faces to a maximum at g metal layers exerts a minimal influence, despite dear

characteristic distance from the cr__k plan, and then evidence of plasticity in the metal layers prior to crack

decreises. The characteristic distance could dictate rnucication. The metal layers therefore amc smply to

the crack spacing within the zone of multiple mk- separate the intact ceramic layer from the crack tip by

ing. The analysis reveals that as the volume fraction a distance corresponding to the metal layer thickness.

of metal increases, the location of the a geak This behavior leads to a simple inverse-square root
stress changes from the brittle layer ahead of the dependence of the crack renucleation resistance, 4,

crack tip to the crack wake, provided that the metal on the metal layer thickness, it,. These conclusions
flow strength is sufficiently high (Fig. B2). Tis trend establish that crack renucleation results from a

is qualitatively constant with the observations in significant stress concentration associated with cracks

Section 3. in adjacent brittle layers.

4.22. Multiple crack density. An important Damage develops either as a dominant crack, or as I
measure of the extent of crack damage relevant to a periodic cracks, depending on the volume fraction,
damage mechanics formulation is the crack density, layer thickness and yield strength of the metal. As the

p. No attempt is made here to understand the volume fraction of metal incmeaes, at constant

evolution of p. However, some appreciation for the ceramic layer thickness, the stresses in the crack wake

applicability of damage mechanics may be gained by increase, whereas the stresses in the intact layer ahead

comparing the measured crack spacings with values of the crack tip decrease. This trend in stress leads to

predicted by fragment length analysis Ill. Stochasti a transition in cracking mechanism with increasing I
analysis of multiple cracking in bimatera systems volume fraction of metal, whenever the metal layers

with sliding interfaces [1) indicates that the crack have sufficiently high yield strength. Specifically, for

density saturates and that the saturation density, p., low metal volume fractions, mode I extension of a

is related to the interfacial shear stress, r, as well as primary crack occurs, whereas for high metal volume

a characteristic ceramic layer strength, S, through fractions, periodic multiple cracking occurs.

the relationship When multiple cracking dominates, a damage
mechanics approach for characterizing properties

p. A(m)-r/(hS) (12) appears to be viable. To assess the validity of such an I
approach, a simple model has been used to relate the

where a, is a dimensionless coefficient of order unity saturation crack density, p., to the intrinsic flow
(I], and, for a well-bonded interface, r is the har properties of the metal, the strength characteristics of
flow strength of the metal (r %t vo/1/3). The the brittle layers and the geometry of the multilayers.
characteristic strength, S. (Appendix C), is [1] The predictions of the model are qualitatively

Sc. (-rVoSS/h.w)l'+*I). (13) consistent with the measured trends.

Therefore, equation (12) can be written Acknowledgements -The authors gratefully acknowlee the
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APPENDIX A e,-arcta --y)

Comparison of Predicted Stresses with Strain Gauge
Measurements j ruih_. + N~)- mnN

The strain gauge data provide a measure of the average 2  I
stress, 8,,, within the region bounded by the strain gauge,
i.e.h. <x <h,+d, where d is the width of the strain gauge. with h., k•, and y defined in Fig. 1.
For the stress field given by the small-scale yielding limit (21 The stresses in the ceramic layers ahead of the crack tip

(eA) and in the crack wake (on) are plotted as a function of
I ••"+d K distance from the crack plane in Fig. B2 for various values

f dx. (Al) off.. The stress distributions at both locations pass through
Ii s 72 a maximum at a distance from the crack plane of several

Integration gives times k•. At small values off., the maximum stress is larger

we 2 K re/-;,--- K ahead of the crack than in the wake, thus favoring growth

Swhere a d 'h) ý_x'(2
2[___d (A3)

Equation (A2) is compared with measurements for materials
with aluminum layers of different thickness in Fig. 8. a , r,

APPENDIX B -

Multiple Cracking Analysis I , [

The mode of damage evolution (single or multiple cracking)
depends on the relative magnitudes of the stresses in the
ceramic layers ahead of and behind the crack tip. These
depend, in turn, on the thickness of the metal and ceramic
layers, the crack length, the strength distribution of the
ceramic, and the flow properties of the metal. To assess the . a -

effect of changing the volume fraction of metal, these
stresses are estimated for the specific composite geometry Fig. BI. Schematic of the crack configuration analyzed in
shown in Fig. 91. Appendix B.I
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0100 -, A$ 1ENDIX C(3

Chmupit ersatk t Cftmc Layer S th
0.7 For a powe law strength distribution in the brittle layers

the fractims P. of laws that can camne failure at stress S in
0.8 a volume V1 as given by,

01 P(V, S) - v (S/S" . (Cl)

IAt the point of crack inuration [1). S - 3
Nonalzd Posllan, y/i. P(V..s4f-"(s. /l (C2)

Fig. B2. Approximate analytical solutions for crack tip and w
crack wake stremes for the crack geometry shown in Fig. 31 whet! V, as the vohmte of material w the cracks. U.. 6
with various volume fractions of metal, f., and with equation (12), V, can be reexpased as

bridging tractions taken to be T - 1.5c.. - .((3)

of a single crack. Conversely, at large f., the maximum

stress : e.. in the wake, leading to multiple cracking. The Combining equations (C2) and (C3) yields
transit? .i occurs at f. = 0.6, for the particular value of T /At ve 4.+
and the 4ck and layer geometries chosen here, for illustra- S (C4) I

I
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ABSTRACT

I
A layered metal/inemtk consistig of Nb and Nb3 Al, has beensyheidI

using a high-rate mgetrum sputtering tdbqeh -pe The uOtrtueand various

mechacal properties have been explored. It is dentated that the Nb phase

contibutes substantially to the toughness, through pl dssipati combined with i
frictional sliding at contacting surfaceL However, the toughness is sub-optimal, because

of the small layer thickness, which limits the width of the plastic zone. The tensile

strength is also relatively low, because of growth defects. Some concepts for improving

the strength and fracture resistance by tailoring the constituent and interface properties

are suggested. I
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1. INTRODUCTION

High temperature intermetailic systems can exhibit high strength and creep

resistance at temperatures above 1000 C.1 However, these materials are often brittle at

U lower temperatures. This deficiency has inhibited their use in critical structural

components. One approach that enhances the fracture resistance, while retaining high

I temperature strength, involves the incorporation of a refractory, ductile metal. For

example, it has been demonstrated that, by incorporating niobium into rLAl, the

I fracture resistance could be enhanced by a factor of three.2-5 Moreover, it now appears

U feasible to tailor the oceroll mechanical properties by using dual-phase systems. One

dual-phase morphology that has demonstrated particular potential, consists of

I_ alternating layers of intermetailic and metaL64 In this case, the fracture resistance

exceeds that of the intermetallic, because ligaments of the ductile phase plastically

I stretch to failure during crack extension and thereby, dissipate energy.2-4,7-10

Moreover, the intermýic is expected to provide good creep strength, by supporting

the loads imposed at elevated temperature.)1 One potential problem is the sensitivity of

n such materials to fatigue.12

The present work describes the microstructure and mechanical properties of a

-- layered material made by high-rate magnetron sputtering. Toughening and

I strengthening mechanisms responsible for the properties are explored using a

-micromechanics approach. Furthermore, ways for improving the mechanical

-- performance of the composite through microstructure optimization are suggested.

I 2. SYNTHESIS

I Vapor phase deposition by high rate magetron sputtering13 is a means for

U producing layered materials with low interstitial content, The method also provides the

i JKS.EW2"AW.Md1-TA.Mao Umn MWfMW AMSr7IU 3
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freedom to independently control the ductile and intermetailic phase compositions, 1
volume fractions and dimensions. A schematic of the physical set-up (Fig. W) illustrates

the two sputtering targets within a chamber, filled with argon. One target contains pure

niobium, while the other comprises segments of aluminum inserted with niobium. The 3
target composition may be adjusted by changing the relative width of the aluminum

segments. A stainless steel substrate which traverses between the targets may be

preheated:. using a bias current, in order to control diffusion during deposition. A tri- 3
layer (titanium-copper-titanium) release coating was deposited before sputtering. This

procedure was used to deposit Nb/Nb3A iolaminates onto polished stainless steel 3
substrates.14

The Nb/Nb3 Al system was chosen, after inspecting the phase diagram (Fig. 2), U
because the two phases are compatible15 and have melting tempeatures above 20000C 3
The properties of these constituents are summarized in Table I. The equilibrium phase

of Nb has a bcc unit cell with lattice constant, a = 033 nm. The Nb3Al phase has the 3
AI5 (space group Pmnn) structure, in equilibrium, with lattice constant, a = 0.5183 nm.

However, Nb3AI has a tendency to form a metastable bcc structure if the atomic

mobility is limited. 3
The level of oxygen contamination had to be carefully controlled because oxygen

affects the ductility of the metal phase.16 The oxygen content depends on the residual

oxygen vapor pressure in the system (in the form of H20 and CO) as well as the rate of

deposition. At the deposition rate chosen for this study (58 A/s), an oxygen partial i
pressure < 5 x 10-7 torr was required to ensure an oxygen content in the multilayers

below the delectability level for Auger electron spectroscopy (< 05 at. %).

U

An MRC 603 magnetron sputtering system, with Inset magneton cathodes. 3
KiS-EVWWs-24,W-Md.TA.MCm IWU.12 2.gS2 A*.5783 4 3
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I 3. MICROSTRUCTURE

IThe composite consisted of 34 layers of Nb and 33 layers of Nb3AI having a total

Ithickness of 145 Prm. The nmicrstructure of the as-deposited composite was examined

by both scanning electron microscopy (SEM) and transmiio electron mi y

I (TEM). The SEM images were highligted by using the back-scatter mode in order to

enhance phase contrast (Fig. 3). In this manner, the thicknesses of the Nb and NbsAl

I layers were found to be 1.6 and 2.4 ^un, respectively. The interface appeared

convoluted, but continuous, without apparent interfacial porosity.

Electron transparent samples suitable for TEM examination were prepared by

U laminating several 3 mm wide layers of the composite in epoxy, as described

elsewhere. 16 Standard dimpling and ion milling were used to produce specimens that

I were examined in a JEOL 200FX microscope operated at 200 kV equipped with a Link

Analytical eXL EDS (energy dispersive X-ray) system. The TEM images revealed a

columnar grain structure over the entire electron transparent region (Fig. 4). The

U interfaces consisted of well-defined facets (fig. 5c), with facet planes being (110), in the

Nb, as well as the Nb3AL Diffraction patterns along [0111 (Fi5 Sb) indicate that the Nb

E is in the equilibrium bcc state. However, the Nb3AI is completely disordered, consistent

with the deposition temperature being substantially below the To curve (Fig. 2).

Moreover, the limited mobility of both Nb and Al atoms, at the deposition temperature,

I ensures relatively high stability of the metastable phase and is also consistent with the

Nb layers having no detectable Al (Fig. 5c).I
I
I

"The voids observed in the Nb phases ane aused by polishing becamuse the Nb phase is umch softer and3 prone to abrasion.
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4. MECHANICAL BEHAVIOR U
4.1 Specimen Preparation

For initial evaluation, flexural testing was performed, with the material still i

attached to the substrate. For this purpose, beams with nominal dim ensins

30 x I x 2.5 mm were prepared from the panel by using a low-speed diamond saw. The

side and top faces were polished to 1 pm in order to reveal the microstructure and to

facilitate observation of damage evolution during testing. The beams were tested in face i
and edge orientations (Fig. 6a). In the first, the layer planes were located on the tensile

face of the beam. In this case, the material experiences a relatively uniform tensile stress,

because of the small thickness ratio of the layered material to the substrate (Fig. 6b). In

some of these specimens, a groove (- 10 pmr deep) was introduced by sliding a Knoop

indentor across the tensile face, subject to a load of 2N. In the second orientation I
(Fig. 6b), the layers were located on the side face. This test arrangement allowed crack

extension to occur stably, due to the decreasing tensile strain, as the crack approaches

the neutral axis. I

Other test procedures required that the layered material be removed from the

substrate. This was achieved by using nitric acid within an ultrasonic device to dissolve I
the buffer layer. Three types of tensile specimen were prepared (Fig. 6c). Standard dog-

bone specimens were used to characterize the elastic properties and the fracture

strength. Edge-notched and center-notched specimens were used to measure the U
fracture resistance properties, as well as to study the failure mechanisms. In all cases, in

order to facilitate gripping, tabs were bonded to the specimen ends. 3
4.2 Results

Three-point flexure tests with the substrate attached were conducted in situ in the

SEM, at low strain rates (< 104 s-1). At various stress levels, the side faces were

I



U

I comprehensively inspected. The load was then incrementally increased until failure

I occurred. Load/displacement curves indicated nonlinearity at - 350 MPa, associated

with the plastic yielding of the stainless steel substrate. The final rupture, which was

I unstable, coincided with failure of the layered material at - 370 MWa, followed by

Sdecohesion of the layered material from the substrate. Similar tests on scratched beams

gave identical load-deflection curves. Failure did not occur from the flaw introduced by

I scratching. Tension tests (Table ID gave strengths significantly lower than those

obtained in flexure.

In the second flexural configuration, stable crack extension was evident on the

bevelled sections (Fig. 7a). Crack propagation occurred predominantly along the grain

boundaries in both phases, resulting in an irregular crack path. Crack surface contacts

3 were evident at some locations (Fig. Mh).

Tension testing on notched specimens was produced by introducing a fatigue

I precrack. This was achieved by subjecting the specimen to a cyclic load with nominal

stress intensity range, AKI = 5 Wa•/m", and load ratio, R = 0.1. After a precrack had

I extended - 0.5 mm, the specimen was subjected to a monotonically increasing load and

I crack growth monitored with an optical microscope. Initial crack extension was found

to be stable and a resistance curve recorded for the edge orientation (Fig. 8).

3 In order to estimate the flow strength of the Nb in the layered materials, clo, a Nb

layer - 25 pm thick was deposited onto a substrate with exactly the same conditions

used to prepare the laminate. Microhardness tests were performed with indentation

I loads ranging between 20 and 50 inN. These loads ensured that the penetration depth of

the indentor was small compared with the layer thickness. These measurements gave a

I hardness Hv - 590 MPa, indicative of a flow strength,17 (y. - Hvl3 - 200 MPa.

I
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3. POST-TEST OBSERVATIONS U
A study of the fracture surfaces usft scanning electron microscopy revealed large I

processing flaws at the failure origins. These had conical morphology and were

- 200 pm in diameter (Fig. 9). Higher resolution images indicated brittle fracture in the

NbSAl phase and ductile rupture of the Nb (Fig. 10). In the Nb3AI, crack growth

occurred along the columnar grain boundaries:ecause these boundaries contain voids,

which diminish their crack growth resistance. Moreover, the disordered state of the I
NbAl probably results in enhanced brittleness. 3

Ductile failure of the Nb involved microvoid coalescence. These voids had a

morphological connection with the columnar grain boundaries. Consequently, the 3
plastic stretch depended on the specimen orientation. When the crack extended normal

to the grain growth direction, the plastic stretch was relatively large, with uc - 1.3 pJm.

Conversely, when the crack extended along the grain direction, the Nb failed with

reduced stretch, uc - 0.6 pm.

I
6. ANALYSIS 3
6.1 Crack Growth Resistance

The preceding observations suggest the mechanisms of dissipation in these layered U
materials, upon crack growth. One involves the plastic stretching of the ductile Nb I
phase (Fig. 10). The other relates to friction at contacts along the crack surface (Fig. 7).

Contributions to the crack growth resistance from both mehanisms will be considered.

The contribution from plastic stretching of the metal layers is known to occur in

accordance with a resistance curve. For a well-bonded interface, representative of the

present system (Fig. 10), the resistance has the following characteristics. The

steady-state toughening is; 24,7-10

KS-Evw244IAMd.TA-MT Lmv Unw1.2 A.WU47NS 8
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U
3 Ar1  - x~f.cv~t. (1)

I where Go is the unaxial yield strength, t.1 the ductile layer thickness, fm the metal

concentration and X the work of rupture coefficient. For a well-bonded interface,

X = 2.7A4,7,10 This to .g level arises after a crack extension10

L.U- 0.03xu B/a. (2)

such togenA sp Rpoe Dc an initiation toughness, ro.3M6 Thke Ofit ro

I depends on the crack orientation. 3 For the edge orientaon, the toughness of the

I nmetalic tates ro. For the face orietatinM, rois W .6,8 It is assumed that

NbSA1 has a toughness similar to other brittle ahumn=ides3A (Table 1). Consequently, in

I the edge oientatin, the resistance behavior for ft layered material can be predicted

from Eqns. (1) and (2). For this purpose, uc is given by the experimental

I and (7o ierre from the hardness measurements. The simulated resistance curves

I (Fig. 8) are found to be consistent with the experimetal data, for crack extensions up to
-100 pL The subsequently, continually rising, portion of the resistance curve

3 the tractions occurring at crack face contacts19 (f 7). These occur at larger crack

extensions and operate over a substantial spatial range.

6.2 Strengths

1 By using the measured fracture resistance (Fg. 8) in onjunction with an initial

I flaw size related to the growth faults (Mg. 9), a tensie strength may be predicted using

the formulae s on Table IIL For a flaw size, ao =- 100 pm, the predicted

I strength, S - 600 MPa. This is appreciably larger than the measured value (Table ID.

U This d suggests either that there are residual tensile stresses induced around

iKmJ.E-*24 Mw-d-TA-Mm9 LUW m•i AM.SM 9
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the growth flaws or that the initial crack growth resistance of the material around these

flaws is less than that found by i ucing a precrac. Further study would be needed 3
to distinguish these possibilities. I
7. CONCLUDING REMARKS

The mechaical properties of the present material are limited by growth flaws. The 3
relatively small length scale, which controls plastic dissipation during crack growth,

may also limit the fracture resistanm Both ph can be addressed by controlling

the deposition and by changing the constituent characteris. Enhanced plastic

dissipation could be accomplished in several ways. One involves the use of periodic, I
thick (- 10 m) Nb layers int among the - 1 pm thick layers. The dissipation 3
within this thicker layer should scale with the increased layer thidmess (Eqn. 1).

Additional non-linear mechanisms may also be found. Alternately, thin (- 0.1 pAm) 3
interphases might be introduced that induce debonding, in order to spread the

dissipation. 3A Alloying of the Nb to increase its yield strength without degrading its I
ductility would also be beneficial to the toughnmess. Experimental study of these 3
concepts is in progress.

I
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5 TABLE I

Properties of Constituents

*Mattrial froperties Ib mNbs W

3 Y:ou~ns modulus (n-plane), E (GPa) 105 135

Poisson's ratio, V 0.4 0.25

IYmIed strengft, o~ (Ma) 195 650

Iractur toughess, K0 (M..a4M) - -

Melting temperature, Tm (OC) 2469 1940

3 ~Thermal expansion coefficient, CZ ) 7 x 10-6

Cryta structure bcc (A2) A15'

ILattice constant, a (nm) 0.33002 0.5183

Nb3Mhasan A1~ubks~d a e utfi mphcbwea& mvNb3Mcmn uobe i anwoua&t~
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TABLE II 3
Strength Properties of Composites 3

Material Properties Tensile Flexure 3
Yomt's modulus Otn-plane), E (GPa) 126 124 3
Poisson's ratio, V 0.27

Ultimate stregtth, S (Ma) 250 350 1
[
U
I
I
[
I
[
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I TABLE III

For mulae Needed to Pred ict Strength

I~ K.I (2/4x)a4aT-i (1)

K K RKX f.JF (2)

IdK/da =dK,/dAa (3)

Ia k +Aa (4)

Irw~ m WAMmw~2lU*M1
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FIGURE CAPTIONS 3
Fig. 1. Schematic of the magnetran sputtering apparatus. I
Fig. 2. Phase diagram for the Nb-Al system.

Fig. 3. SEM back-scatter crms-ctional mi ph reveals the layered
microstructure, Nb/Nb3AI.

F1g. 4. Low magnifcation TEM mic h shows the columnar grain structure

continually grown through both the Nb and NbSA layers (interface indicated I
by the arrows).

Fig. 5. a) Bright field image indicates epitaxial grain growth across the
m linter ac interface.

b) Diffraction patterns of two areas indicated on the TEM picture.
c) EDS spectra of the two areas adjacent to the interface. 3

Fig. 6. a) Typical loading modes.
b) Three-point flexure spe configurations.
c) Tensilespedmen.

Fig. 7 a) Crack path after stable crack etension.I
b) Crack surface contact.

Fig. 8. Fracture resistance obtained using a center-notch tensile specimen. Also shown
are the resistance curves predicted for plastic stretching of the Nb. 3

Fig. 9. Flaws revealed on the fracture surface by SEM.

Fig. 10. a) SEM of a typical fracture surface after quasi-static fracture (arrow I
indicates crack propagation direction).

b) Failure ntechansms in Nb ductile layer showing ductile tearing and I
ductile dimples in the Nb phase.

c) Reduced plastic stretch in Nb layers when grain boundary porosity is 3
present.

Ki5.E~wa-2M.dA~ n UIWSM2*2 AM#WfIU 16
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m_ Figure 1. Schematic of system for synthesizing lamninated metal - intermetallic

composites by afternate, sputtering from two targets.
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I Figure 3. SEM back-scatter cross-sectional micrograph reveals the layered3 microstructure, Nb/Nb3AI.
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Figure 5. a) Bright field image indicates epitaxial grain growth across theImeta VintermetalIlIic interface.
b) Diffraction patterns of two areas indicated on the TEM picture.
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*I a) Loading Modes

Edge

Face

3I b) FlexureI _ _ _ _ __

SFa Layered Materials
•(i) Face (ii) Edge

c) Tension

I

Dog-Bone Center-Crack Edge-Notch

I
Figure 6. a) Typical loading modes.3 b) Three-point flexure specimen configurations.

c) Tensile specimen.I



U
U
I
I
I
I
I
I

- I

NbA' I
Nb3AIm-

Figure 7. a) Crack path after stable crack extension. 3
b) Crack surface contact.
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Figure 8. Fracture resistance obtained using a center-notch tensile specimen.
Also shown are the resistance curves predicted for plastic stretching of

i the Nb.
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Figure 9. Flaws revealed on the fracture surface by SEM.
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Figure 10 b) Failure mechanisms in Nb ductile layer showing ductile tearingI

and ductile dimples in the Nb phase.1
c) Reduced plastic stretch in Nb layers when grain boundary
porosity is present. I
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I ABSTRACT

3 A novel testing technique has been developed capable of measuring the interfacial

fracture resistance, Fi, of thin ductile films on substrates. In this technique, the thin film

on the substrate is stressed by depositing onto the film a second superlayer of material,

having a large intrinsic stress, such as Cr. Subsequent processing defines a pre-crack at

I the interface between the film and the substrate. The strain energy available for driving

the debond crack is modulated by varying the thickness of the Cr superlayer.

Spontaneous decohesion occurs for superlayers exceeding a critical thickness. The latter

is used to obtain r1i from elasticity solutions for residually stressed thin films. The

technique has been demonstrated for Cu thin films on silica substrates.

I
I
I
I

I
I
I
I
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I
1. INTRODUCTION U

The decohesion of interfaces between metals and non-metals is a critically

important technological issue. 1,2 Many of the basic phenomena have been identified, 3
particularly the role of the interface debond energy, ri, and its dependence on the

loading mixity, 4f (Fig. 1).3,4 The latter is a measure of the relative shear to tensile I
opening of the interface crack surfaces near the tip. Methods for measuring ri have also

been devised and calibrated (Fig. 2).4-7 However, these methods typically require

specimens made by using a high homologous temperature (T/Tm) processing step,

such as the diffusion bonding of sandwich specimens, where T and Tm denote the

processing temperature and the metal melting point respectively (Fig. 2). Decohesion I
energy measurement methods for interfaces that have only experienced low

temperature upon fabrication are subject to ambiguity in interpretation. For example, in

peel tests, there is a complex convolution of the plastic dissipation associated with film 3
deformation and the actual decohesion energy for the interface, li.7 Moreover, the

mode mixity is not representative of that for most situations of practical concern, such

as thin film decohesion.

The present article addresses several of the current deficiencies by devising a new

test that has the following attributes. The method can be used for ductile thin films

deposited onto substrates at low T/Tm. It has a mode mixity typical of that associated

with thin film decohesion (N - 500). The procedure can be implemented in a

conventional microelectronics fabrication facility.

Interface decohesion occurs subject to several dissipation mechanisms. 8 -10 TheI

fundamental mechanism involves the work of adhesion, Wad, which represents the

basic separation energy for the bonds across the interface. In general, plastic dissipation

Wp, also occurs within a plastic zone in the metal, as the decohesion extends along the 3
interface (Fig. 1). This contribution scales with Wad. 9 ,10 It also varies with crack

KJS-Evans-7.D-Dc.TA-Ochsn Enrgy 93/03117.1:31 PM,319/93 3 I
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3 extention, Aa, leading to a resistance curve. 10 This curve, in turn, depends on the ratio

Aof the peak decohes ,n stress a to the yield strength of the metal, 0o (9ig. 3). Moreover,

Wp, may increase as the film thickness beccmes larger and as the mode mixity angle

I increases (Fig. 1). In some cases, whtn the interface is non-planar, frictional effects can

also contribute to ri.3 The new test met' d has been devised with the intent of

3 systematically exploring these effects for metal thin films on non-metallic substrates.

I
2. SOME BACKGROUND MECHANICSU

The relevant mechanics of thin film decohesion considers a thin film subject to

residual tension, Of, on a thick substrate (Fig. 4). The energy release rate associated with

an interface decohesion, originating from an edge (or discontinuity) attains a

I steady-state value, Gss, provided that the decohesion length, a0 , exceeds the film

thickness. Moreover, since all of the stress in the film above the decohesion is released,

the non-dimensional energy release rate for a thin strip is 3,12

U qJEf afhf = 1/2 (1)I
where E/ is the Young's modulus for the film and hi is the film thickness. The

corresponding mode mixity is, i/ = 520. The thin film test method should duplicate this

3 mode mixity. For a wide strip (width w > hf), the residual stresses are biaxial and the

revised steady-state energy release rate is 3U
G, Ef/laf hf = -V (2)

I
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where v, is the Poisson's ratio of the film. At smaller decohesion lengths (a0 < h/), the I
energy release rates depend on the details of the edge.3,12 The prefered test method should

avoid these edge problems by only using decohesion precracks within the steady-state range.

For a bilayer film, interface decohesion leads to bending, whereupon some energy 3
is stored in the film above the decohesion. Consequently, the steady-state energy release

rate is reduced. The new value, as derived in the Appendix, is I

q;S = Tihi 1 [Pl M1
_ II 3

•== iEi - Ei [hi +--i I 
I3

where i = 1,2 refers to the two materials in the bilayer. The load P associated with the

residual tension (Yi in each layer (Fig. 4) can be expressed in terms of the curvature of

the decohered bilayer, ic, the film thickness, hi , and the biaxial elastic moduli, 3
E'i = Ei /(I1- Vj), as13

I
_ E'h,+Eh• 1 E' h4P 6(h, + h2) j (4)

with Kc given by

6(h, + h2)(el - e 2) (5)
[h + E2h•/E.h1 + E'hj/Eh 2 + h' + 3(h, + h2 ) 2J

where, ei = ai/Ei. The bending moment, Mi (Fig. 4), is given by

Mi = E*11i1  (6) 1

where Ii is the moment of inertia, I, = h,/12. U
I
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* 3. THE METHOD

I A key consideration for development of a method concerns the mode mixity, %V. In

order to maintain 41 in the requisite range, there are few options for loading the system.

I Among these, the only approach that appears to be straightforward involves the use of

a residual stress which essentially duplicates the problem of interest. However, for

typical thin films (hf < 1 gm), and representative residual stress levels (oW, < 100MPa),

3 the residual stress induced energy release rate is small (Eqn. 1), of the order,

Gss- 0.1 Jm"2 . Most interfaces with practical interest would have a debond energy

3 substantially larger than this.8 Consequently, decohesion would not be induced. The

prefered test method must identify a procedure that substantially increases Gss, without

changing AV, while also preserving the structure and microstructure of the interface.

3 A method that increases the energy release rate, at essentially constant V, involves

deposition of an additional material layer onto the film. This superlayer increases the total

film thickness and also elevates the residual stress without changing the interface. In

order to accomplish this, the additional layer must be deposited in accordance with the

I following three characteristics. Deposition must be conducted at ambient temperature.

The layer must not react with the existing film. The layer must have a large residual

tension, upon deposition. A Cr film, depos ted by electron beam evaporation, meets all

3 three criteria.1 1

The new test method has the following three features. (i) A decohesion precrack is

created, with length a0 >h1 . (ii) The film is patterned to form narrow strips. (iii) The Cr

film thickness is varied in order to produce a range of energy release rates. In order to

provide these features, a thin strip of carbon is first deposited. This layer is the source of

3 the interface precrack (Fig. 5). The film of interest is then deposited. Subsequently, a Cr

layer with the requisite thickness is deposited onto the film. Thereafter, the bilayer is

I
K -Evanis-7.D-OcTA-Dchun Enirgy 931317-1 :31 PM,3119i936I
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patterned to form strips orthogonal to the carbon lines. Finally, the strips are severed I
above the C. The latter step creates the edge needed to induce an energy release rate 3
(Fig. 5). The half-width of the carbon line, a0 , defines the pre-crack length. When the

strips decohere after severing, the energy release rate exceeds the debond energy, i.e., 3
Gss > ri. Conversely, when the film remains attached, Gss< Fi. Consequently, Fi is

determined from the critical Cr layer thickness above which decohesion always occurs, I
designated ho. The bilayer solution (Eqn. 3) then relates Fi to the critical Cr thickness by

using the equalities: Gss = 1i and hi = hc. U
4. EXPERIMENTAL PROCEDURE I

A flow chart of the overall procedure is presented on Fig. 6. Deposition and I
photolithography are conducted in a clean room facility. Residual stresses are measured

from beam deflections. Then, film severing above the precrack is conducted. The films 3
are inspected to assess the critical thickness, hc. Finally, this critical thickness is used to

determine Ti. 3
4.1 Deposition and Patterning 3

Preliminary experiments have been carried out by using evaporated copper films 3
and glass substrates. The choice of copper is particularly attractive due to its emerging

importance as an interconnect material. It is expected to replace aluminum for deep 3
sub-micron metal line widths, because of its superior conductivity and higher resistance

to electromigration. 14 All processing steps are carried out in Class 100 and Class 10,000 3
clean room facilities. Careful substrate cleaning is essential. For this purpose, the glass 3
substrates (Corning 0211) are solvent cleaned in trichloroethylene, acetone and

isopropyl alcohol in order to remove organic contaminants. Then, they are water 3
cleaned, followed by etch-cleaning in buffered hydrofluoric acid, in order to remove all

KJS-Evans-7.0-Dc.TA-Dchsn Enrgy 93103/17.1:31 PM-3/19 93 7



I inorganic contaminants. Finally, they are rinsed in deionized water and dried. The

carbon release layer is thermaily evaporated (thickness - 200A) onto the substrate and

patterned to the desired geometry (Fig. 5) by using a bilayer photolithography

I technique. Pure copper (99.999%) is then deposited by electron beam evaporation at a

background pressure - 8 x 10-7 torr. Thereafter, the chromium superstructure layer

1 (99.9% pure) is evaporated. An in situ quartz monitor is used to control the deposition

rate (Cu - 1OA/s, Cr - 1•/s) and the film thickness. Subsequent lift-off defines the

I metal line geometry. Finally, a through cut is made in the metal bilayer by wet etching.

An optical micrograph of a processed test specimen is shown in Fig. 7.

4.2 Residual Stress Measurement

The residual stress is measured by using a standard procedure which relies on

I curvature determination on the film/substrate system. 15 For this purpose, a

profilometer is used to measure substrate curvature. 16 The profilometer uses a metallic

stylus, which is horizontally scanned while its vertical movement is converted to an

electrical signal. The substrate often has an initial curvature. Therefore, two scans are

made in order to measure the bending deflection of the substrate. These are made both

I with (81) and without (82) the film attached. The residual stress in the film is related to

* these displacements by,

3 R - 4E.(8 1-8 2 )h.2 (7)I a• = 3(I- vj)L!hf

where L is the length of the profilometer scan, hs is the substrate thickness and Esvs

Sare the substrate Young's modulus and Poisson's ratio, respectively. This procedure is

used to evaluate the residual stress in the Cu and then the residual stress in the Cr

* deposited onto the Cu.
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5. RESULTS I

5.1 Residual Stress I

Residual stress measurements have been performed on a batch of four samples 3
with the same nominal Cu thickness (4425A) and with four Cr thicknesses: 220A, 445A,

660A and 900A. On each sample, five profilometer scans were made before and after I
removing the film from the substrate. A least square regression fitting to the data gives

the deflections (81 and 82) and their respective standard deviations. The film thickness

is also obtained from the scans. The substrate thickness is measured with a digital 3
micrometer. The stresses obtained in this manner are plotted on Fig. 8, which indicates

that the residual stresses in the Cu and Cr layers are 50 MPa and 1575 MPa, I
respectively, while the standard deviations are - 3%.

5.2 Interfacial Fracture Energy

For a glass substrate with a 0.44gm thick Cu film, the results are summarised on

Fig. 9. When the Cr superlayer was either 22nm or 45nm thick, the bilayer remained

attached to the substrate (Fig. 10). Conversely, when the Cr layer was 90nm thick,

decohesion occured followed by curling of the film (Fig. 10). Consequently, hc is

between 45nm and 90nm. By introducing these values into the energy release rate

formula for the bilayer (equation 3), bounds are placed on the interface fracture energy.

For this purpose, the elastic modulus of the film is needed. Generally, polycrystalline 3
thin films can have a lower modulus that the bulk material, because of porosity at the

boundaries of the columnar grains. Consequently, for completeness, independent I
measurement of Ef would be needed. Such measurement have yet to be performed in 3
this study. Instead, literature values of polycrystalline Cu and Cr thin films are used (E1

= 120 GPa 17 and 93 GPa, 18 respectively). With these choices for Ej, the bounds on the 3
interface fracture energy are, 0.3 < Fi < 0.8Jm- 2 . Earlier study of Cu/Glass interfaces,

KJS-Evans-7,0-Dc.TA-Dchsn Enrgy 9M/03117.1:31 PM-3/19o93 9
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produced by diffusion bonding and annealing, indicated that fi usually ranged

between 0.14 to 4 Jm' 2 (the highest being 8 Jm"2 ).19 The scatter was attributed to

U surface contaminants, which influenced the bonding. The present results are at theu lower end of this range. Such results are consistent with the absence of an annealing

step, in the present study, leading to a more pronounced influence of minor

3 contaminants. These, in turn, reduce the potential for a contribution to li from plastic

dissipation in the Cu. Furthermore, the present values are compatible with the work of

I adhesion (Wad = 0.5 Jm-2) for liquid Cu on SiO 2.20

S6 CONCLUDING REMARKS

3 A new test procedure for measuring the interface decohesion energy ri of metallic

thin films on non-metallic substrates has been devised, analyzed and demonstrated. The

3 procedure duplicates the conditions found upon decohesion induced by residual stress.

The measured values of ri may thus be used directly, in conjunction with the mechanics

of thin films in order to predict such factors as the critical film thickness. Moreover, the

3 method allows a systematic study of trends in ri with the key deposition and post-

deposition variables. These include the effect of contaminants, of active metal layers, of

I annealing, electric fields, etc. Studies are now in progress which will apply the new

method to these basic issues.

I Finally, since the value of li obtained from these tests are subjected to knowledge

3 of the elastic properties of the bilaver film, simple acoustic procedures for measuring

these properties are being implemented.I
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3 - APPENDIX

I THE STRAIN ENERGY RELEASE RATE

3 Interfacial decohesion, motivated by residual stresses in deposited thin film layers, occurs subject

to a the steady state strain energy release rate, G", when the interfacial flaw size, ao, exceeds the

I film thickness. 3 For thin film systems a strain energy balance may be used to calculate Gv,

5 wherein two elements, having width Aa, are chosen far ahead and far behind the growing

interfacial crack (Fig. Al). If Ua and Ub denote the strain energies in these volume elements,

3 then

5 GAa = U. - U, (AI)

This result applies provided that the substrate thickness is much larger than the film thickness.
I The element far ahead of the crack tip is in biaxial plane stress,

I ~ ~cy.=•=i;

I Yi = EiEi/( Al U) = •Ej;

iCYZ = "€,, = T',z = •.n = 0 (i = 1, 2) (A2)
I

where 01,0 2 are the residual stresses in the two layers and e, 2 the corresponding residual

I strains. The elastic strain energy density associated with each layer (i = 1, 2), per unit width, is

A3 / h a -- (A3)

U where E: are the biaxial moduli of the film layers. Consequently, for a bilayer
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u,. A AU'.

[E EL + (A4) 3

When both layers are in residual tension (as in the present experiment) and when El > £2, the

film bends upwards after decohesion in an attempt to relax the strains (Fig. 4). The resultant

stresses in each layer can be related to the forces, Pi, moments, Mi, and curvature, K, defined in

Fig. 5, by 13 3

yi(z) = Pi/hi + zEi; I
EiK = Mi / Ii; I
Ii = h3/12 (A5) I

where z now denotes the vertical distance from the neutral axis in each separate layer, whereas li

are the sectional moduli. The strain energy is then 3

_ lP2 M21Ub= i1Aa (6
TE [hi Ii 

(6

It is now required to provide expressions that relate Pi, Mi and K to the stresses and the film 3
thicknesses, by using beam theory. For a bilayer, this procedure provides five linear equations

involving the five unknowns, namely P1, P2, Ml, M2 and x. Equilibrium dictates that, for a 5
bilayer 3

ZPi = 0; =• P 1 =P 2 =P 3
'Mi =0; • MI+M 2 =P(-2 ) (A7)
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Geometry requires that,

IM, = E'c 
(M)

M 2 = E2129

I Strain compatibility at the interface gives

E+ P I P 2 K (A9)I ~ ~E*Ihl 2 E-2hz •+ •+•=- 2 (A9

In this case, analytical solutions for P, Mi and K are obtained as13

IM = E2IiK

I 6(h, + h2 )

I and
+= 6(h, + h2)(e1 -e 2) (AlO)

SIh + E2h2/Eth, + E'h /Eth 2 + h2 + 3(h, + h2

The strain energy release rate is then (i = 1, 2)

E h ,h i P1 12Mi 1

G i3 (All)
Ei E ' 'Li hiI

I he above result can be generalized for a multilayer film (i = 1, 2, 3 ...... n). The number of

unknowns is 2n+l, because each layer has two (a force, Pi, and a moment, Mi) in addition to the

curvature, K, of the film after decohesion. The solution requires 2n+l linear equations. The first

3 two stem from equilibrium considerations

KJS-Evans-70DcTA.Dcd'n EnW U3103/17.1:31 PM,31993 14I
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".FORCE -- 0; =o- P, + P2 +."'" + Pn = 0 (AI2)I

a -z i hj + h , -

MOMENT = 0;= M i = : 1hk

ki+ (A13)

The next n equations relate the moments to the curvature (i = 1, 2, n)

Mi = EiliK. (A14) 3

Finally, the remaining n-I equations involve strain compatibility at the n-I interfaces. For the 3
r-th interface, this can be expressed as (r = 1, 2, n-i)

P hic =e P1+ h+K.e,~ L+ .P.+h)=g+ + P'+ h 9•: (AI5)
Eth, 2 E1+lh,+t 2

A program needed to solve these equations has been developed using MATLAB. I

I
I
I

I
I
I
I
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FIGURE CAPTIONS

Fig. 1. A schematic indicating the effect of loading mixity on the interface fracture

energy, ri. The values used are typical for metal/oxide interfaces. Also shown
is a schematic of crack growth with plastic dissipation.

Fig. 2. Some test methods used to measure the interface fracture energy.

Fig. 3. Effect of metal yield strength on the interface fracture energy: (70 is the yield
strength, Y the bond strength and Aa the crack extention (Tvergaard and

Hutchinson).

Fig. 4. A schematic showing the behavior of a bilayer film subject to residual tension
as it decoheres from the substrate. The stresses aC a02 are the misfit stresses,
which provide the forces Pi and the moments Mi in the metal bilayer above the

I decohesion crack. The curvature of the decohered bilayer film is ic.

Fig. 5. The procedure used to measure the debond energy of the interface.

I Fig. 6. A flow chart indicating the sequence used to measure the debond energy.

3 Fig. 7. An optical micrograph of the processed test specimen.

Fig. 8. A plot of the total film stress with the normalized Cr layer thickness.

Fig. 9. A plot of the calculated energy release rates with the normalized Cr layer3 thickness. Also shown are the lines seperating the film that decohered from
that which remained attached and associated bounds in the interface fracture

energy.

Fig. 10. Specimens providing the lower and upper bounds in the fracture energy, with
the Cr superlayer thickness (A) hi = 450A, below the critical thickness and (B)
hl = 900A, above the critical thickness.

U Fig. Al. A schematic describing the energy balance approach to find the strain energy

release rate for a bilayer thin film.

9
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ABSTRACT

The debonding and sliding resistances of interfaces formed between Mo and A1203

have been measured. The Mo/AI20 3 interface exhibits a relatively low interfacial fracture

energy, rF, comparable in magnitude to the work of adhesion, Wad. Debonding appears

to occur with minimal plastic dissipation in the metal. Frie-scale plasticity phenomena

occurring near the debond, within the Mo, are considered responsible for this behavior.

The sliding resistance of the interface, subsequent to debonding, was found to depend on

the shear yield strength of the Mo, consistent with observations of plastic grooving

during fiber pull-out in composites containing Mo-coated sapphire fibers.
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1. INTRODUCTION

The failure of interfaces between metals and oxides occurs by a variety of

mechanisms.1 -3 In the absence of reaction products, some interfaces exhibit ductile I
fracture.1 ,4 Others fail by brittle debonding, but with plastic dissipation occurring in the

metal.5,6 When reaction products form or interlayers exist, the behavior is usually

brittle. The fracture occurs either within the reaction product or at one of the interfaces 7A 3
(usually, the metal/interphase interface).

Most bimaterial interfaces produced at high homologous temperatures exhibit a

fracture energy, ri, substantially larger than the work of adhesion, Wad.1 ,9 Notable 1
exceptions include the interfaces between A12 0 3 and certain refractory metals,

particularly Mo.1,10 These have fracture energies, ri - Wad. This phenomenon has not

been explained. One motivation for the present study is to address the origin of the low

fracture energy found for the Mo/A120 3 interface.

There are two basic approaches for creating a metal/oxide interface with a small

debond energy. These approaches are evident from the basic correlation between the

work of adhesion and the plastic dissipation1 0 -12  5

r, - |W (6/ 0 )

where the plastic dissipation parameter P is a function of the ratio between the peak I
A

stress, 0, needed to rupture the interface bonds and 0 o, the uniaxial yield strength of I
the matrix. Calculations conducted using continuum concepts predict variations in P5

upon interface crack extension, Aa (Fig. 1).11 Clearly, ri .- Wad, when oo is small.I

Moreover, Wad is related to the bond rupture stress by,10,12

W.d -- rao/2 (2)

KJS 12MM 3
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3 where ao is the separation distance of atoms across the interface. From Eqns. (1) and (2),

U it is evident that debonding can be encouraged either by having a small work of

adhesion, or by using a high yield strength metal. These properties can be affected by

3 segregation and alloying. Segregation changes A,10, whereas alloying influences Oo.

i Such effects are addressed for A1203/Mo interfaces by measuring Wad and CO, and then

relating these to measurements of ri. In Mo, the strong influence of oxygen on flow

I strength and ductility,13 has special relevance.

The Mo/A120 3 interface also has thermomechanical characteristics consistent with

I those needed for A1203 fiber reinforcements, which impart high composite strength, as

well as good fracture and fatigue resistance.13-16 In this application, not only are small

values of ri preferred, but also the sliding along debonded interfaces must occur with a3 controlled shear resistance, 'r. This study addresses measurement of T17 and

relationships with the interface structure.I
I 2. MATERIALS AND PROCESSING

I Interfaces between Mo and either sapphire or polycrystalline A120 3 have been

investigated. The sapphire used to create these interfaces had two basic geometries,

I either discs with basal plane orientation, or fibers with c-axis orientation. t In some

cases, polycrystalline A120 3 plates, with two different compositions, have been used

instead of sapphire.A Bodies comprising Mo-coated sapphire fibers in polycrystalline

I A1203 matrices produced from a high purity powder,*# have also been studied.

Precautions have been taken to minimize the oxygen present in the Mo, by using

I high purity material and by conducting all steps of the bonding in environments with

ISupped by Sapphikon
# Coors AD-995 and Coors AD4%, •t# Surftomo Chemidcal Company, Inc.

iI 1211Wm 4
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low oxygen partial pressure. The Mo was deposited onto the sapphire either by

evaporation or sputtering from high purity (> 99.9%) targets. Sputtered material was

deposited in an R.F. diode unit, in an atmosphere that comprised research grade argon

at 6 millitorr working gas pressure. The top and bottom target voltages were1

maintained at 3kV and 0.5kV, respectively. Typical sputtered coating thicknesses were l

- 5 Jim for planar substrates and 0.7-1.4 pim for fibers." Coatings deposited by electron

beam evaporation were produced at relatively high vacuum (<10-6 torn). Evaporated

coating thicknesses were -0.5 pm. A glow discharge cleaning procedure was used prior

to deposition. 3
The coated discs were diffusion bonded at relatively high vacuum (< 10-6 torr). In

some c,. es, a high purity (> 99.95%) Mo foil' (127 pim) was inserted between the Mo

coated surfaces prior to bonding. The diffusion bonding was conducted at 1450°C for

12 h, using an applied pressure of 3-5 MPa. The fiber-containing composites were

produced by hot pressing. For this purpose, the coated sapphire fibers were

incorporated into an A120 3 matrix and consolidated at 1500°C for 120 min., using an I
applied pressure of - 2 MPa.

I
3. ANALYTICAL TECHNIQUES 3

All interfaces were examined using transmission electron microscopy (TEM)

techniques. For this purpose, electron transparent foils were prepared by cutting thin 1
slices with a low speed diamond saw perpendicular either to the bonded surface or the

fiber axis. These slices were ground to roughly 100 tim using diamond paste and 3 mm

diameter discs were ultrasonically drilled. One side was polished with 3 tLm diamond 1
paste. The other side was dimple ground using 3 and 1 jim pastes, followed by a 1/4

"The fibers were rotated during coating at - I rpm.
Johnson Mattheys 3
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t±m final polish. Subsequent thinning was accomplished by ion milling with Ar at 5kV,

lmA and 140 incidence angle. In many cases, thin foil cross-sections could not be

produced because of the tendency to debond at the interfaces. In such cases, the coating

was first removed from the substrate and mounted on a copper grid. All samples were

I examined* in a microscope equipped with a high take-off angle energy dispersive

spectroscopy system. Crystallographic computations, simulations and indexing of

I diffraction patterns were carried out with the Diffract software. As-sputtered coatings

were also examined using PEELS.

Scanning Auger microscopy (SAM) was used to characterize the interface

I chemistry, with spectra collected from debonded interfaces.A Depth profiles were

performed by Ar ion sputtering of the Mo fracture surface. Debonded surfaces were

U also examined by scanning electron microscopy (SEM)." For this purpose, a thin carbon

or gold layer was evaporated onto the surfaces. Chemical analyses were performed on

I surface features by using energy dispersive X-ray (EDS) methods.* The same surfaces

i were analyzed by X-ray diffraction methods.0

The morphology of the debond surfaces was established using atomic force

U microscopy (AFM).t

I
4. MECHANICAL MEASUREMENTS

The fracture energies of the A120 3/ Mo interfaces were measured by using either

four point flexure 6,18 or Hertzian indentation. 19 In both cases, interface debonding was

monitored in situ, with an optical microscope focused through the sapphire layer. TheI
* JOEL 2000FX TEM at 200 kV
t Perkin Elmer PHI 660 Auger miacrcope
"¶eol SM840 SEM

Tracor Northern NM5500 system
i Scintag XDS2000 diffiactometr
t Nanoscope II from Digital Insumnents

12n=~,~u 6
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fracture energy, r17 was ascertained from the loads at which the cracks extended, as well

as the specimen dimesions. 18,19 For flexure tests, a pre-crack was introduced along the

interface by propagating a controlled crack from a row of indentations emplaced on one

of the sapphire surfaces. 6 A typical debond region is depicted in Fig. 2. In systems 3
produced with either the higher purity polycrystafline A120 3 or sapphire, the loads at

which these precracks extended gave debond energies in the range, 1i - 1-4 Jm-2.

These results were insensitive to the Mo deposition method (sputtering or evaporation)

and to the Mo thickness. Conversely, when the lower purity A120 3 was used, ri was

substantially larger. It was typically in the range, ri = 10-20 Jm"2.

The sliding behavior was measured on hot pressed fiber specimens by using a fiber

push-through test method.1 0,17 Typical load-displacement curves involve a load drop,

indicative of interface debonding, followed by fiber push-out (Fig. 3). The loads at 3
which push-through displacements initiated (Fig. 3) gave the sliding resistance T. It was

found to be in the range, • - 130-225 MPa. Grooves in the Mo were evident along the j
push-out zone (Fig. 4), indicative of plastic deformation occurring within the Mo.

The yield strength of the Mo subsequent to diffusion bonding was determined by

microhardness measurements. The measurements were made at low loads, such that

the indentation depth was less than 1/3 the Mo layer thickness. The results gave a

hardness in the range, H - 900 MPa for the Mo foil after bonding. The corresponding

uniaxial yield strength is,21 G0 - H/3 - 300 MPa. The sputtered coatings, deposited

on tLe sapphire fibers, gave larger values of hardness, corresponding to CO - 600 MPN.

I5. INTERFACE STRUCTURE

The cross-section of an as-deposited, sputtered, Mo layer revealed a columnar

growth structure with faceted grains, - 100 nm in diameter (Fig. 5). Diffraction patterns

(Fig. 6) were consistent with the pattern simulated for randomly oriented grains with a

Kjsi1,u 7
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common < 111 > direction. Furthermore, PEELS results indicated the presence of thin

oxide layers located both at the free surface and at the film/substrate interface.

All of the materials, regardless of the methods used to prepare the Mo, exhibited

I some metal oxide formation along the interfaces. Usually this oxide was intermittent.

i After debonding, the oxide was invariably attached to the sapphire, as evident from

views of the sapphire side of a fracture surface (Fig. 7). Image analysis on sapphire

fracture surfaces revealed an area of fraction of oxide grains of - 0.2. X-ray diffraction

patterns obtained from these surfaces indicated that the oxide was MoO2. The presence

of an oxide was further verified by SAM studies of the same surfaces.

In the system produced using the lower purity alumina (Fig. 8), the metal oxide

layer was continuous, - 300 ran thick and could be analyzed by cross section TEM. This

I oxide phase was identified by tilting experiments, performed on single grains, to obtain

diffraction patterns for the [101], [102], and the [2131 zone axes (Fig. 9a, b, c), which

I icould be compared with patterns simulated for monoclinic MoO2 (Fig. 9d, e, f). The

simulations were achieved by using the space group, lattice parameters and fractional

atom positions listed in Table I. The oxide consistently exhibited an orientation

I relationship with the sapphire substrates, exemplified by the diffraction pattern in

Figs. 10a and b, which show the [11 i00] sapphire /[ 1 201 MoO2 and [2110] sapphire /

I [32.0] M002, respectively. The orientation relationship may be described by

II(O001)Spph // (00

3 [1•.101sapphie II 010]Moo2

III A structure diagram of the sapphire basal plane and the (00) plane in M6O2, oriented

I Iwith the above crystallographic relationships indicate the resemblance of the oxygen

sub-lattices (Fig. 11). The distance between two oxygen atoms along the [172101 direction

I
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in sapphire is 4.76 A. The distance between two oxygen atoms in the M002 along the

[0101 direction is 4S6L This misfit is less than 2% and supports the observed preference

for this orientation relationship.

Also observed in this system was a continuous amorphous phase separating the m

MoO2 layer from the Mo. These regions had chemical composition, 61 Si, 28 Al, 6 Ca,

3.5 Mg, 1.5 K (in atomic percent for metallic constituents only), as determined by EDS.

The silicate was also observed throughout the Mo pore channels. In addition, MgAIzO4

spinel, with two distinct morphologies, was identified at the interface between the

polycrystalline A1203 and the Mo (Fig. 12). These consisted of either block precipitates

or a senicontinuous layer.

For bonds made with high purity A1203, a non-planar interface formed between m

the sapphire and the Mo (Fig. 13) with no apparent orientation relationship. A number 3
of small (300-400 nm) Mo02 grains were usually present throughout the sputtered Mo.

The average grain diameter was 2-5 pm, indicating that there had been substantial grain

growth during processing. Matching topographic features were evident in regions of

direct contact between the sapphire and the Mo. These features formed by interface and m

surface diffusion, both in the Al2O3 and the Mo, during diffusion bonding.

Measurements of the profiles around the grain boundaries in the Mo, obtained

both by TEM (Fig. 14) and AFM (Fig. 15) provided estimates of the dihedral angle.

These are in the range, 130 ±-140. Non-matching feature- also exist, which relate to

residual porosity at the interface. The area fraction of such porosity was - 0.45 for the I
sputtered Mo.

The oxygen content measured by SAM ranged between 4 and 6 atom %

throughout the layer, despite precautions taken to minimize access of oxygen. The 3
solubility limit of oxygen in Mo is - 0. atom %.The presence of Mo02 oxide grains in

the Mo is consistent with these measuements. I

I
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6. DISCUSSION

I 6.1 Debonding

The measured debond energy appears to be relatively invariant and thus,

insensitive to the amounts of either interface porosity or MoQ2 detected on the sapphire

I side of the debond surface. Such observations suggest that both the Mo/A1203 and the

Mo/Mo0 2 interfaces have low fracture energies. Conversely, failure never occurs at the

A1203/MoO2 interface. Its resistance to failure must be relatively high. This is consistent

Iwith the results of other investigations for oxide/oxide interfaces. 10 Subsequent

emphasis is given to the metal/oxide interfaces.

An attempt is made to understand the small value of r" based on separate

assessments of Wed and Yo, in accordance with the concepts exressed in Eqns. (1) and

(2). The dihedral angle, ý, measurements provide one estimate of Wad. These angles,

established at high temperatures, relate the equilibrium interface energy, y j, to the Mo

grain boundary energy, Yb, through the relationship

7Yb = 2ycos* (3)

I Atomistic calculations 22 suggest that Y b for Mo is in the range, - b = 1.2 ± 0.6 Jm"2. The

interface energy is thus, yi - 1.5 ±1.2 Jm 2. The interface energy is, in turn, related to

I the work of adhesion by10

1WA = T.od + 7i'= - '•i (4)

where yoxide is the surface energy for either A1203 or Mo62 and y mo is the Mo surface

I energy. Again, atomistic calculations provide the equilibrium energies:22,23

I3 I w izis , 10



I
I

m- 2.0 ± 0.2 Jmo2 and yAp20 3 - 1± 0.1 Jm-2 for the basal plane. With these values,

the work of adhesion is deterined to be in the range, Wd = 1.7± 1.1 Jm-2.

This work of adhesion is typical of that found for many other metal/oxide

interfaces. 9 It is also similar in magnitude to the measured debond energies, r1 . I
Consequently, there is a minimal contribution tor i from plastic dissipation. Yet, Go, is

only somewhat larger than the range found for other metal/oxide interfaces, which

exhibit much larger debond energies, (1ri >> Wad). There is no obvious rationale, at this 3
level of analysis, for the low Iri found for the Mo/A12 0 3 interface. Further

understanding must be based on more quantitative measurenents and calculations. m

The continuum plasticity analysis of crack growth (Fig. 1) requires that 0/ 4b : 3, II
for the measured "i/Wad (1.5 -+ 6.0). Consistency with Eqn. (2) thus requires that

aoa./Wd 5 0.7 (5)

For the Mo/A120 3 interface, ao is not known. However, for similar interfaces, such as

Nb/A120 3, atomistic calculations give, ao - 0.3 nm.25 If this a0 is appropriate, since U

Wad - 1/2-2Jm'2 ando 0 - 300-600MPa, then Oo ao/Wad is in the range 0.05 - 0.4.

This does not satisfy Eqn. (5).A A full understanding of the debond energy must involve

fine-scale plasticity phenomena occurring near the interface crack front.1 ,2 4 The

influence of this zone, width D, on the steady-state interface fracture energy (Fig. 16)

provides perspective through the non-dimensional parameter, D O2o/EWad. Upon I
inserting measured values of F,, Wad and YO for the Mo/A120 3 interface, Fig. 16 gives n

D - 25 nm. Much larger values obtain for other metal/oxide interfaces (D - 0.2 Lm24 )

because of the strong sensitivity of D to yield strength (D - a.-, Fig. 16). This analysis 3

SMoreover, In other metal/oxide interfaces, there Is a more smmiderable discrepancy with &Mn (5)" 3
" ISIJmm 
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reinforces the need to understand fine-scale plasticity and its association with D for

different metal/oxide interfaces.

The interface between Mo and low purity polycrystalline A120 3 has a considerably

greater debond resistance than that between Mo and pure A1203. The development of

silicate phases in the bond zone (by viscous flow out of the alumina) appears to be

responsible. In this case, the fracture energy is similar to that for the silicate phase itself

(rIm -10 jm-2), which fractures as the bond separates. Similar results have been obtained

for Pt/A120 3 interfaces.8 This behavior is probably responsible for the 'high strength'

that occurs when low purity A120 3 is bonded with Mo, for metal/ceramic seal

technology.

6.2 Sliding

The observation of plastic grooving (Fig. 4), suggests that slip is controlled by

shear yielding of the Mo. This should occur at a stress, - Jo/NY. Based on the

hardness measurements for the sputtered Mo coatings (ao - 600 MPa), sliding by shear

yielding should occur at T - 340 MPa. This is about twice the measured sliding

resistance, T - 130-225 MPa (Fig. 3). However, sliding only occurs at contact points

along the interface (Fig. 4). By normalizing the sliding resistance with the ratio of the

contact area to fiber surface area, the lower measured values are compatible with a plasticI grooving mechanism.

7. CONCLUSIONS

I The mechanical properties of molybdenum/alumina interfaces have been

i investigated. The fracture energy ri was compared to the work of adhesion, Wad

estimated using AFM and TEM techniques. The range of values obtained for Wad are

I similar to measurements for other metal/ceramic systems. However, unlike other

1MS 12
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systems, the measured fracture energy is similar to the work of adhesion, indicating that

plastic dissipation in the molybdenum is minimal. Furthermore, fractographic 3
examinations of failed interfaces show no discernible deformation. Yet, quantitative

distinctions between Mo/AI203 and other metal/oxide interfaces, based on Wad and 3
the yield strength, co, have not been identified. However, the inference that the zone of

fine-scale plastidty occurring near the interface is smaller for Mo/AI20 3, than other

interfaces is considered relevant. A full understanding awaits further analysis of fine- 3
scale plasticity.

The interfacial fracture energies were found to be sensitive to the alumina purity I
but only weakly dependent on the method used to prepare the Mo. The apparent

insensitivity to the Mo processing conditions may result from the presence of oxygen (in

solution and as oxides), which was invariably present throughout the metal layer and at 3
the interfaces. The role of oxygen in the fracture process remains unclear, in part

because it is difficult to eliminate. The effect of alumina impurities appears to be

relatively straightforward. The fracture energy is increased when the silicate phase

migrates from the polycrystalline alumina to the Mo/sapphire interface. For this case

the interface exhibits the fracture resistance of the amorphous interphase. I

The sliding resistance, ¶, of the Mo/sapphire interface was found to be about half

the shear yield strength of the metal. The basic scaling between -T and Oo has important I

ramifications for ductile coating concepts for ceramic matrix composites. Clearly, the

coating yield strength emerges as a key parameter for controlling the interfacial sliding I
resistance. I

I
I
I
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I TABLE I

I Structure Type, Space Group, Lattice Parameters, Wyckoff Position and

I Fractional Atom Coordinates for the Structures Identified in This Study

Structure Space Group Unit cell (A) Atom Fractional CoordinatesI
Mo Im3m a = 3.1470 Mo (2a) 0000 0000 0000

M002 P21/c a = 5.6109 Mo (4e) 2316 9916 0164

b =4.8562 O1 (4e) 1123 2171 2335

c = 5.6285 02 (4e) 3908 6969 2987
P-= 120.95

I A1203 Ric a = 4.754 Al (12c) 0000 0000 3523

c = 12.99 0 (18e) 3064 0000 2500

I A12M8O 4  Fd3m a = 8.075 Al (16d) 5000 5000 5000

Mg (8a) 1250 1250 1250
O (32e) 2510 2510 2510

I
I ,cjsi~a 14
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FIGURE CAPTIONS

Fig. 1. Effects of the ratio of yield strength, a0 , to the bond strengthA on the relative

debond resistance of metal/ceramic interfaces (Tvergaard and Hutchinson):12  3
calculations performed assuming continuum plasticity.

Fig. 2. Optical observation of debonded region at Mo/sapphire interface. I
Fig. 3. Typical push-out curve for Mo-coated sapphire fibers in an A120 3 matrix. T is 3

the sliding stress.

Fig. 4. SEM image of push-out zone showing grooves on Mo. I
Fig. 5. TEM view of faceted Mo grains - 100 nm in diameter in as-deposited Mo film. 3
Fig. 6. Diffraction patterns of sputtered Mo film, which indicate a common < 111 >

zone; a) measured pattern, b) simulated pattern. I
Fig. 7. SEM image of sapphire fracture surface showing metal oxide attached to

sapphire. The light grey grains are MO02.

Fig. 8. TEM image of continuous oxide layer formed with lower purity A1203. 3
Fig. 9. a-c) Diffraction patterns for the [101], [102] and [213] zone axes.

d-f) Corresponding simulated patterns.

Fig. 10. Diffraction patterns for Mo oxide indicating orientation relationships. 3
Fig. 11. Oxygen sublattice of (0001) sapphire resembles that of (001) MoO2.

Fig. 12. TEM imaged MgAl204 spinel at the interface between A1203 and Mo.

Fig. 13. TEM image of a non-planar interface between sapphire and Mo with no I
orientation relationship.

Fig. 14. TEM image of dihedral angles (arrowed) formed between a sapphire fiber and

Mo grain boundaries. 3

I
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IFig. 15. a) AFM trace across Mo grain boundaries at the interface. b) Corresponding
unage The grain boundary at 0 is highlighted by the arrows on the trace in (a).

Fig. 16. Effects of fine-scale plasticity in a zone, width D, on the steady-state debond

I energy, rs.
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ABSTRACT

The role of the interface in redistributing stress around cracks in multilayered

l ceramic/metal composites is investigated. The emphasis is on the different effects of

interfacial debonding or of plastic slip in the metal phase adjacent to strongly bonded

interfaces. The experiments are conducted on alumina/aluminum multilayered

I composites. Monotonic loading precracked test pieces causes plastic shear deformation

within the aluminum layer at the tip of the notch without debonding. However,

I interfacial debonding can be induced by cyclic loading, in accordance with a classical

fatigue mechanism. Measurements of the stress around the crack demonstrate that

debonding is much more effective than slip at reducing the stress ahead of the crack.

II
1
I
I
I

I

I
!2



I

1. INTRODUCTION

In layered materials with alternating ductile and brittle constituents, various

modes of crack growth are possible.1-6 Under in-plane loading, cracks form in the brittle 3
layers. A crack in one layer may induce cracks in an adjacent layer. Whether or not this

occurs depends upon the nature of the stress concentration transmitted across the

intervening ductile material. If this stress concentration is large, a series of near-

coplanar cracks form, which can be viewed as a single, dominant crack. Conversely, a

weakened stress concentration allows distributed damage. The stress concentration may i
be reduced either by debonding at the interface between the brittle and ductile layers or I
plastic slip within the ductile layers. An asymptotic calculation 6 (Fig. 1) predicts that

debonding is more effective than slip at reducing the peak stress in the intact brittle

layers and hence, should suppress crack renucleation. This prediction has yet to be

verified by experiment. 3
The incidence of deboncng, as opposed to slip adjacent to interfaces is influenced

by the loading history. Interfaces that remain bonded upon monotonic loading may i
debond upon cyclic loading.7 Moreover, the ratio of mode H (shear) to mode I (tensile)

loading acting upon an interface crack may affect the relative tendencies for debonding

and slip.8

The three objectives of this study are as follows. (i) Contrast the debonding and

sliding characteristics of interfaces subject to monotonic and cyclic loads. (ii) Examine I
the validity of models for the role of debonding and sliding on stress redistribution.

This is achieved by comparing predicted stresses with measured stresses. For this

purpose, the fluorescence spectroscopy method is used with aluminum oxide/Al 3
multilayers. (iii) Establish the basic mechanism of cyclic debonding (fatigue) at

metal/ceramic interfaces. i

'us 121M 3
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E 2. EXPERIMENTAL METHODS

U 2.1 Materials

3 Multilayered composites of Al and A120 3 were prepared by diffusion bonding. 1,4

For this purpose, thin discs of sapphire and polycrystalline A120 3 were mechanically

3 polished with diamond, to produce planar, parallel surfaces, which were then heat

treated in air at 10000C for 1 h to remove carbon based impurities. Thin sheets of Al (40,

I 100 or 250 gLm thick) were prepared from 99.99% pure foils by cold rolling. These were

interspersed between the sapphire and A1203 plates, with a sapphire layer on one

outside surface and A1203 layers elsewhere. The layers were then vacuum hot pressed

3 at temperatures of 640°C at a compressive stress of - 5 MPa for 48 h, resulting in a

diffusion bond with essentially no residual porosity.

3 The diffusion-bonded discs were cut into beams suitable for flexural testing

(dimensions - 3 x 3.5 x 50 mm) by using a diamond saw. Both side surfaces were

polished to an optical finish to facilitate observations of interfacial debonding and crack

growth, as well as for stress measurements.

U 2.2 Mechanical Tests

The location of the dominant crack in each specimen was pre-determined by

U placing a row of 50 N Knoop indentations, 500 gtm apart, into the sapphire surface

3 (Fig. 2). Direct observation of the specimen, using a long focal length optical

microscope, revealed that these indentations produced precracks approximately

1 50-100 gLm in length. The specimen was then loaded in four-point flexure with the

indented surface in tension, within a fixture that permitted in situ monitoring of the side

surfaces of the beams by using an optical microscope (Fig. 2). At a critical load, the flaws

coalesced into a crack that propagated unstably, but arrested at the metal/sapphire

interface.

I3 j 229



I

These precracked specimens were loaded either monotonically or cyclically in

four-point flexure. During each cyclic loading experiment, the range of load, AP, and

the peak load, Pnux, were kept constant. The tests were interrupted after 1000, 5000 and

20,000-50,000 cycles to allow observation of the interface between the sapphire and the I
first aluminum layer. Interfacial debond cracks (Fig. 3a, b) were characterized by

viewing through the transparent sapphire using an optical microscope. The growth

rates of interfacial cracks were also determined in this manner. Following the cyclic 3
experiments, the interfacial cracks were characterized further by scanning electron

microscopy, after removal of the sapphire layer by fracture of the specimen.

2.3 Stress Measurement

After cycling, some specimens were reloaded in flexure, using a fixture located on

the stage of a Raman microprobe.t This apparatus allows stress measurement by

fluorescence spectroscopy within the A120 3.9 The loads were monitored using a 3
miniature load cell. Chromium fluorescence spectra were collected at sites within the

intact A120 3 layer ahead of the precrack, as indicated in Fig. 2, with the specimen in I
both the loaded and unloaded states. Analysis of these spectra gave fluorescence peak

locations that provided a measure of the stress in the A120 3 layer: the relation between

peak shift and stress was obtained from a separate series of calibration experiments 3
(Section 4.1). In polycrystalline alumina, the method has - 20 MPa stress resolution and

100-200 pm spatial resolution.9-11  I
In some cases, the precrack was extended into the underlying A120 3 layers by

monotonic loading. Again, cyclic loading experiments were conducted and the

responses of the intervening Al layers were characterized by using both optical and 3
scanning electron microscopy (SEM).

t Instuments SA, Model UIO0O. 3
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I 3. INTERFACE RESPONSE

I Monotonic loading of precracked specimens caused plastic slip within the metal

i layer at the tip of the precrack, prior to crack renucleation in the next A120 3 layer. The

characteristics of such plasticity have been measured using high-resolution strain

I mapping techniques.4 Cracks formed sequentially in adjacent polycrystalline A12 0 3

layers, with increasing load. Each crack was nearly coplanar with the precrack. By

I considering this assembly as a dominant, mode I crack and by measuring its length, a

nominal crack growth resistance, K& was determined from the applied loads (Fig. 4).

Cyclic loading of similar precracked specimens gave a different response. When

the peak load was below that at which a crack renucleated in the next A120 3 layer, stable

debonding occurred along the sapphire/Al interface (Fig. 3). The crack growth rate,

I da/dN, was found to decrease slightly with increase in crack length, L&, for a given load

range, AP (typically by a factor of 2-4 after 20,000-50,000 cycles). After fracturing the

specimen to remove the sapphire from the region above the interface fatigue crack,

I classical fatigue striations were observed by scanning electron microscopy on the Al

crack surface (Fig. 5). In the case shown in Fig. 5, the striation spacing is about equal to

the crack extension per cycle (- 1 jim/cycle). Moreover, the striations are strongly

affected by crystallography, having different orientations in different grains (Fig. 5b).

The basic crack growth mechanism thus appears to be similar to that occurring in

I monolithic alloys.12-15

The range of energy release rates, AG, applicable to each cyclic loading experiment
I was estimated from the load range, AP, by using a previous analysis of the flexural

geometry (Fig. 2).16,17 The analysis provides solutions for steady-state cracks

(Ls/ao > 0.4) in homogeneous elastic beams with no residual stress.17 The estimates

I were obtained by neglecting the effect of residual stress and plasticity in the metal on
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and by using the steady-state formulae. The present results were obtained for

0.2 < Ls/ao < 4.0, except for the lower left point in Fig. 6, where Ls/ao - 0.04. Note that 3
these results refer to mixed-mode cyclic debonding16 with a mode mixity, V - 500.

These values of AG, in conjunction with the crack growth rates per cycle, da/dN, allow I
comparison with fatigue data for monolithic aluminum alloys obtained from the

literature (Fig. 6 and Table I).18-20 It is evident that the rates of cyclic interfacial

debonding exceed the mode I fatigue crack growth rates for monolithic alloys, at all AG 3
used during the present investigation. Therefore, mixed-mode fatigue crack growth can

occur along strongly bonded metal/ceramic interfaces in preference to mode I crack

growth through the alloy. These interface measurements complement data obtained I
previously in mode I.7

Conversely, in specimens that had been loaded monotonically to grow a crack 3
through several, successive A1203 layers, subsequent cyclic loading caused rapid fatigue

failure of the intervening, intact Al layers. This occurred by mode I cyclic growth 1
emanating from cracks in the adjacent alumina layers (Fig. 7). Similar results have been

reported for multilayered intermetallic/metal composites.21  I

U
4. STRESS MEASUREMENTS AND COMPARISON WITH THEORY

4.1 Piezospectroscopic Calibration

The relationship between the applied stress, Gip and the fluorescence peak shift, 1

Av, is a tensorial relation,10  1
A v = 'lo (I)

where Ilij are the piezospectroscopic coefficients. It has been shown that the off- I
diagonal components of 'Iij are negligibly small for the fluorescence peaks of chromium 3

S! I lIli7



in aluminum oxide.10 This expression may be further simplified for a polycrystalline

material tolO

Av =Qokk (2)

where Q = 1/3 (1l+ + 22 + [33) and 0 kk is the sum of the principal stresses,

Okk = O0l + 022 + 033.

The coefficient, Q, for the stress dependence of the R2 chromium fluorescence peak

in the alumina used in the present case was calibrated by collecting spectra from the

side surface of a polished alumina beam subjected to various levels of four-point

flexural loading. These spectra were analyzed to yield the relative peak position as a

function of applied stress (Fig. 8). From these results, Q = 2.48 ± 0.05 cmr-1 /GPa:

consistent with values previously reported for alumina (2.46-2.52 cm-1 /GPa). 10

4.2 Stresses

I The distributions of stress before and after monotonic and cyclic loading were

I measured by optical fluorescence. In each specimen, the measurements were obtained

from the first intact A1203 layer along a line 20 IJm from the interface with the metal

S layer. Typical results are shown in Fig. 9. The stress distribution during monotonic

loading (at K = 7 MPa4-m ) exhibited a broad maximum ahead of the crack front. After

I unloading, the stress along the same line exhibited a minimum ahead of the crack front

i (Fig. 9). The measured peak stress at the maximum load is similar to that given by the

solution for a homogeneous elastic body (Appendix A), consistent with previous

i measurements in other ceramic/metal multilayered composite. 4 ,11 These have shown

that slip in the metal layer does not diminish the Oyy stress in the ceramic layer ahead of

the crack tip (Fig. 1) significantly, unless the relative slip length, Lp/h, is large (> 10).6

I
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After cyclic loading to attain a debond length, L4 > 2 mm,* the stress concentration

ahead of the crack was found to be eliminated, within the sensitivity of the fluorescence 3
measurements (Fig. 9). Comparison of this result with analysis is complicated by finite

geometry effects: because of the large values of the ratio: debond length/precrack I
length, Ls/h - 5, the asymptotic solution (Fig. 1) is not relevant. A finite element 3
solution has thus been obtained for the specific flexural geometry used in these tests.

The solution (Fig. 10) establishes that, for Ls/ao - 5, the stress concentration ahead of 3
the precrack is, indeed, eliminated. These measurements and calculations directly

confirm that debonding is more effective than plastic slip at reducing the stress ahead of

a crack in ceramic/metal multilayers.

5. FATIGUE CRACK TRAJECTORIES I

Two trajectories are possible for a fatigue crack arrested at the interface (Fig. 11). 3
The crack may propagate into the metal under essentially mode I conditions (Fig. 7).

Alternatively, it may deflect and propagate along the interface (Fig. 3). The parameters U
controlling the choice between these two trajectories are the relative strain energy

release rate ranges, AG, the crack growth rates, da/dN and the mode mixity, TI. For a

surface crack, AG for mixed mode growth along the interface is less than AG for mode I 3
growth through the Al alloy (Appendix B). Nevertheless, in flexural loading, for which

S= 500 8 (Section 3), growth along the interface is preferred for both the Al/sapphire i
and the Al/polycrystalline alumina interfaces. This behavior arises because at given Aq, n

the mixed-mode interfacial crack growth rate, da/dN is larger than the mode I growth

rate through the alloy (Fig. 12), as elaborated in Appendix B. 3

t (AK = 5 MPa'&m and K.nax = 7 MPa ) 3
KJS 1aWzg 9



The preference for fatigue crack growth through the metal rather than along the

interface when the metal layer is one of the intact ligaments remaining after monotonic

cracking of several ceramic layers, as in Fig. 7, now remains to be explained. The

relative values of A G for interfacial debonding and growth through the Al alloy are

essentially the same as for the surface crack (Appendix B). One significant difference,

however, is the mode mixity. For interfacial debonding at metal ligaments, the loading

is mode 118 (T = 900). It is likely that mode H cyclic debond rates are considerably

lower than those measured in mixed mode, because of crack face contact.22,23 It is

plausible that the debond rate is reduced to such a level that mode I ligament failure is

preferred. If these arguments are correct, the effect of mode mixity on the cyclic

debonding of the interface has major implications for the fatigue performance of

multilayers.

The basic mechanisms that determine the different cyclic crack growth rates are

governed by the cyclic stresses and strains that occur near the crack tip. For a crack near

a bimaterial interface, the cyclic shear stresses can exceed those expected in a monolithic

alloy.24 These large stress amplitudes should coincide with a larger cyclic growth rate

near the interface, at the equivalent loading mode. However, a comprehensive analysis

that relates these stress amplitudes to crack growth for a range of mode mixities is

needed to rationalize the behaviors found in this study.

6. CONCLUDING REMARKS

Two competing mechanisms of fatigue cracking have been observed in A120 3/Al

multilayers. Mixed-mode cracks extend along the metal/ceramic interfaces, normal to

the tip of a main crack, in accordance with a classical fatigue mechanism. Conversely,

intact metal ligaments rupture rapidly by mode I fatigue crack growth. The interfacial

cracking at the crack tip has the beneficial effect of reducing the stresses ahead of the

riS 1M 10
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main crack and thereby suppressing further growth of that crack. The rupture of

ligaments in the crack wake is detrimental, because it reduces the crack tip shielding

imparted by the bridging ligaments. This duality in fatigue behavior might be exploited

in order to optimize the fatigue resistance of metal/ceramic multilayers. I
The mixed mode fatigue crack growth rate along the AI/AI20 3 interface exceeds

the mode I rate in monolithic Al alloys. The large growth rate arises because of the

enhanced shear stress amplitude at the tip when the crack is at a bimaterial interface.25  3
Further analysis of the relationship between the growth rates in the interface and the

alloy is in progress. I
The experimental measurements of the relative effects of slip and debonding on

stress redistribution ahead of a mode I crack are consistent with calculations. 6  I
Debonding was found to be substantially more effective than slip at reducing the stress. 3
The development of interfaces that experience controlled debonding upon either cyclic

loading or monotonic loading thus represents an opportunity for achieving fracture and 3
fatigue-resistant layered materials.

3I
I
I
U
I
I
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APPENDIX A

Fluorescence Measurements And Probe Size EffectsI
The signal intensity at a given frequency within a fluorescence spectrum of a

stress-sensitive material is influenced by the state of stress of the material throughout

the volume sampled by the probe. If stress gradients are significant within this volume,

calculation of the fluorescence peak position requires a somewhat complicated

calculation of the entire spectrum. To obtain an estimate of probe size effects in the

3 present experiments, a simpler calculation, which assumes that the measured peak

position is a weighted average of the peak positions from each element within the

1 sampling volume, was used:

I CY,(x°' Y°) = f fc;(x'y)R(x° x, y.°-y) dxdly f S~ x dx y (l

I where R(x-xo, y-yo) is the probe response function, aikk (x, y) is the local stress field and

x* and y* represent the boundaries of the region from which the probe collects

I information.

Previous studies have established that the stresses of interest for layered materials

with strongly bonded interfaces are given to a good approximation by the asymptotic

U elastic field around a crack in a homogenous body.2A For mode I loading, the stress, Okk

(x, y) is, therefore,25I
t o..(x,y) = [K(/(+2+y2ý))) ]cos(tan-l (yx)/2) (A2)

I I 12M 12
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where x and y are the Cartesian coordinates measured from the crack tip. In the present

analysis, the measured stress is compared with this solution at the location directly 3
opposite the precrack (x = hm, y = 0), where Eqn. (A2) becomes

=yk 2K 1  
W )

The response function was characterized experimentally by placing the probe on a

horizontal surface of a thick beam of alumina, at a location immediately adjacent to a 3
vertical free surface. The intensity of the signal was measured as the probe was

translated away from the vertical surface, until the signal reached a level that did not 3
change appreciably with further movement of the probe.The results were consistent

Iwith a response function of the form

R(x,y) = exp[-(x2 + y2)/b2] (A4)

I
where b is a measure of the size of the volume of material sampled by the probe. The

value of b ( = 200 Pam) is much larger than the area illuminated on the specimen surface

(spot size - 2 pam); indirect illumination from internal scattering determined the volume 3
from which the fluorescence signal was collected.

With the parameters pertinent to the data of Fig. 9 (KI = 7.0 MPa-m, 3
hm = 250 jim), the stress directly opposite the crack tip is, from Eqn. (A3),

Okk (hm, 0) = 350 MPa. The stress given by Eqn. (Al), with the center of the probe at I
(xo, yo) = (hto, 0) is significantly lower: 325 MPa. However, both values are reasonably

close to the value in Fig. 9 deduced from the measured peak shift (360 ± 20 MPa),

consistent with the findings of previous studies. 4,11
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APPENDIX B

Fatigue Crack Trajectory

The preferred path taken by a fatigue crack depends on the ratio of energy release

3 rate ranges, AG, compared with the ratio of crack growth rates at the relevant phase

angle, IF, for the different possible trajectories. For a surface crack, an interface debond

is mixed mode (T - 500).16 The comparison is thus made for mixed mode crack growth

I along the interface and mode I growth through the alloy (Fig. 6). The energy release rate

range for mode I growth through the alloy is 26

A G - 1.26 z a((y.2 _-y.J / (Bi)I
where a is one-half the ceramic layer thickness, amax and Omin are the maximum and

minimum stresses applied during load cycling and E is the modulus of the ceramic. For

I mixed-mode growth along the interface, upon initial cyclic debonding 27

31AqV1  - 0.3na(2-O)/E" (B2)

I Then, upon further growth, when steady state is reached (AG = Aqss), 16

I AG;n - 0..5a(or2.,-c;L)/E. (B3)

I The ratio of energy release rates for mode I growth into the alloy and for mixed mode

I/II growth along the interface, is thus in the range 4.2-2.5 7C. Imposing this ratio onto

I the crack growth curves dictates whether interface debonding is preferred or vice versa

13 KJS12/i 14
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(Fig. 12). The present data for A120 3/Al (Fig. 6) indicate that interface crack growth is

preferred, at least for AG in the range, 10 - 10,000 Jm"2. 3
For intact metal ligaments, the AG ratio is similar, with a somewhat larger value

for mode 1,26 5

Aq •- 2b(a2, - aL)[tan(x a/2b)]/E. (B4) U
3

where 2(b - a) is the ligament thickness. More importantly, the loading for an interface

debond crack is now mode II. It is expected that the mode II debond growth rate, m

da/dN, is appreciably lower than that in mixed mode. Such reductions arise because of

frictional contacts along the debond faces, as found in monolithic alloys in fatigue,22

and for monotonic interface debonding.23 In this case, mode I growth through the alloy 3
is preferred over interface debonding.

1
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I

TABLE I

3 Interface Fatigue Crack Growth for AI/AI2O 3

I

U Average
Metal Layer Thickness Energy Release Rate Range, Crack Growth Rane,

(1m) AG (m-2) di/dN (mlcyde)

£ 13 2.9 x 10-8

40 144 1.0 x 10"8

S180 1-5 x 10-6

3 100 13 1.4 x 10-9

S139 2.2 x 10-8

250 4 2.8x 10-9

S130 3.4 x 10-8

I

I

I KJs12Z' 16



U
U

REFERENCES 3
[1] B.J. Dalgleish, K.P. Trumble and A.G. Evans, "The Strength and Fracture of

Alumina Bonded with Aluminum Alloys," Acta Metall., 37[71 (1989) 1923-31. 1
[21 H.C. Cao and A.G. Evans, "On Crack Extension in Ductile/Brittle Laminates,"

Acta Metall. Mater., 39[12] (1991) 2997-3005. U
[3] M.Y. He, F.E. Heredia, M.C. Shaw, D.J. Wissuchek and A.G. Evans, Aca Metall.

Mater., 41 (1992) 369.

[4] M.C. Shaw, D.B. Marshall, M.S. Dadkhah and A.G. Evans, Acta Metall. Mater.,
411111 (1993) 3311-22.

[5] A.G. Evans and B.J. Dalgleish, Acta Metall. Mater., 40 (1992) S295. I
[61 KS. Chan, M.Y. He and J.W. Hutchinson, Mat. Sci. Eng., in press. 3
[71 K.M. Cannon, B.J. Dalgleish, IRL Dauskart, TS. Oh and K.O. Ritchie, Acta Metall.

Mater., 39, (1991) 2145.

[8] J.W. Hutchinson and Z. Suo, Appl. Mech. Rev., 28 (1991).

[91 S.E. Molis and D.R. Clarke, 1. Am. Ceram. Soc., 73 (1990) 3189. 3
[10] Q. Ma and D.1K Clarke, J. Am. Ceram. Soc., 76 (1993) 1433.

[11] M.C. Shaw, A.G. Evans, D.B. Marshall, D.K. Clarke and Q. Ma, to be published. I
[12] R.M. Pelloux, Trans. Quart., ASM, 62[1] (1969) 281. 3
[13] R.W. Hertzberg and P.C. Paris, Proceedings, International Fracture Conference,

Sendai, Japan, 1 (1965) 459. 3
[14] R.C. Bates and W.G. Clark, Jr., Trans. Quart., ASM 62[21 (1969) 380.

[151 P.C. Paris, Fatigue-An Interdisciplinary Approach, Proceedings 10th Sagamore 3
Conference, Syracuse University Press, Syracuse, NY (1964) p. 107.

[16] P.G. Charalambides, J. Lund, R.M. McMeeking and A.G. Evans, J. Appl. Mech., 56 I
(1989) 77-82.

[17] P.G. Charaiambides, I-LC. Cao, J. Lund and A.G. Evans, Mech. of Mtls., 8[4] (1990) 3
269-83.

[181 S.1K Swanson, F. Cicci and W. Hoppe, ASTM STP 415 (1967) 312. 3
[19] P.C. Paris and F. Erdogan, J. Basic Eng. Trans., ASME, Series D, 85[41 (1963) 528. 1

KJS iw'ge 1



I
I [20] Society of Materials Science, Japan, "Data Book on Fatigue Crack Growth Rates

of Metallic Materials," [11 (1983).

I [21] KT. Rao, R.O. Ritchie and G.R. Odette, Acta Metall. Mater., 40 (1992) 353.

i [221 R.O. Ritchie, F.A. McClintock, H. Nayeb-Hashemi and M.A. Ritter, "Mode IMI
Fatigue Crack Propagation in Low Alloy Steel," Met. Trans. A, Vol. 13A, 1, 1982,
pp. 101-110.

I [23] A.G. Evans and J.W. Hutchinson, Acta Metall., 37 (1989) 909.

[24] C. Woeltjen, C.F. Shih and S. Suresh, Acta Metal. et Mater., 41 (1993) 2317.

I [25] B.R. Lawn and T. Wilshaw, Fracture of Brittle Solids, Cambridge Univ. Press
(1975).

I [26] H. Tada, P.C. Paris and G.R. Irwin, The Stress Analysis of Cracks Handbook, Paris
Productions (1985).

i [27] M.Y. He and J.W. Hutchinson, Intl. Inl. Solids Structures, 25[9] (1989) 1053-67.

I
I
I
I
I
I
I
II
II
I
IK . 18



U

FIGURE CAPTIONS U
Fig. 1. Effects of slip and debonding on the stress ahead of a semi-infinite crack.6  3
Fig. 2. The specimen configuration and the locations used for stress measurement. i
Fig. 3. a) Optical micrographs of two Al/Al203 beams, the top beam subjected to a

single load cycle, the lower beam subjected to 50,000 cycles of flexural3
fatigue.

b) Optical micrograph of an interface debond created from the precrack by
cyclic loading, as viewed through the transparent outer sapphire layer.

Fig. 4. Crack growth resistances measured for the multilayers used in the present I
study.

Fig. 5. Scanning electron micrographs of fatigue striations observed in the aluminum
layer after debonding and removal of the upper sapphire layer: a) within one

grain, b) different orientations in different grains.

Fig. 6. Plot of the average crack growth rate, di/dN vs. AG for multilayers with 5
different metal layer thicknesses. Also shown are data for Type 7075-T6 and
1100-TO aluminum alloys, taken from References 7 and 18-20. 3

Fig. 7. Scanning electron micrograph of an aluminum ligament that failed in fatigue.

Fig. 8. Piezospectroscopic calibration curve for the alumina used in the present
investigation. 3

Fig. 9. Stress ahead of precrack with load applied (nominal K = 7 MPa4m ) and

unloaded. Comparison with and without debonding. 3
Fig. 10. Effect of debonding in a flexural configuration on stresses ahead of the surface

precrack. I
Fig. 11. Schematic illustrating possible fatigue crack trajectories: a) Mode I extension of 3

cracks from cracked ceramic layers into the intervening metal layer and
b), c) Extension of mode II cracks along the interface. 3

3
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Fig. 12. Schematic of the effect of mode mixity on the relative crack growth rates for
different crack trajectories. Also shown is the ratio of A, 's. For this case,
interface debonding is preferred over mode I growth into the alloy.

I

I
I
I
I
I
I
I
I •sl~•2



I

I

L 3

Crack hm

E0.6I

4KI
S0.4

z

1 10 100

Relative Length, L/hm

IF

U) I



Knoop Indentations

I

400 Itm SapphireI L

680 gtm zyS 99.5%/ AJ2o 3 2b m 6TJ 0

hm= 40,100 or 2501lm 2 mm 96% AI203

I
I

3 10 mm
3.10• m--n 'Precrack

....... ...... .3 .30 or

3.75 mm

SIre--. Measurements

I Y0mm

Figure 2

9.OCE7IW,.MIM.O153*1



S2 mm

1 Load Cycle

Debond .,,l• • .

50,000 Load Cycles

Figure 3(a)



,!

0S
U
I

L-A

0

0

am

0

L- U

o 1"

0 3

I
I



1 30

CZ R- -U -

10 0

00
KN10 0000

0 1 2

ICrack Extension, Aa (mm)

U Figure 4

&vw.QNR III.1093.nK.O3#1& 153-fa



EI
C)I

I~1.0
S-0I

coI

jai I
AVI



I
I

""D . 10-4 Metal Layer Thickness

3� -. •0 40 gm AI
E l3 100 lim Al

z 10-6 • 250 gmAl

I
Ca

a I Monolithic
Io 10"8 - Al Alloys,

2 ModeI0~ 70751I0 Ll100 ..
10-10

S0 1 10 100 1000 10000

3 Energy Release Rate Range, AG (J/m2)

I
I

Figure 6

I
I
I

I
I Shlaw.ONR- 113,1l,)316-



'U
I
I
I
I
I
I
I
I
I
I

N.

3- I
I

N I

I
I.
I
I
I



I
I

400

I 2" 300 ap

00
I ic 0

(D• 100- o00 °

0- 0

I 09

< -100 -9

I-200 of,8I I I

.6 1.8 2 .2.2 2.4 2.6 2.8 3 3.2

IRelative Fluorescence Peak Location, (cm-1)
1

* Figure 8

I
I
i
I
I
3 Shaw.EIO2,m,3o72



I

akk (MPa) I
400 O (y) K

0 350 0oy G y t  K I

0 300 0 1
o I

Loaded Unloaded

Bonded 0 0 1
Debonded 3

(Ls = 2 mm) 1

S~I
-50

• I

-750 -500 -250 07 250 50
"0 y (j•m) 5

41-50 y(M

I
-- 100 1

I
Figure 9

I
S haw ON R- 1OI93,,mU.O03e9O7-4,ai



IC
Il
IC

1i 1

10 LoI..

19D/ ~ ~ ~ ~ ( 0A06SJS AJI~



Ceramic Mods3

I M I I
I I I I I

I I I IAU I
I I I I I IIe a

I I I I I I

S~I

GN4

Mswi Ceramlc H

(I• ) I I i
AlongInterface iei

I I
II

I IMea I I
II

I

a.U ais 7.4 Figure 11 I



Interface

Ceramic :, Alloy

ModelI
Mode I/IIM

I Interface (Mode I/I1)

Slog (da/dN) ' n

* ~Alloy, (ModelI)

A~i

I
A Gi

log (AG)

I
I Figure 12

I

I a. EvanuURM. 119I3,wnk.031 217 - a



I

I

I A

I
I
I

EFFECTS OF COMPOSITE PROCESSING
ON THE STRENGTH OF SAPPHIRE

1 FIBER-REINFORCED COMPOSITES

I
I

byI
I J.B. Davis, J. Yang and A.G. Evans

Materials Department
College of Engineering

University of California, Santa Barbara
Santa Barbara, California 93106-5050

I
K.ISEvwi-25-TA-Cnipt Proc Sp~r / •1/3r0-10:48 AMI12iW93I



I
I

ABSTRACT

The current interest in tough, high-temperature materials has motivated fiber

i coatings development for sapphire fiber-reinforced alumina composites. For this

system, it has been demonstrated that the interfacial properties can be controlled with

coatings which can be eliminated from the interface subsequent to composite

I consolidation. However, these fugitive coatings can contribute to the high temperature

strength degradation of sapphire fibers. Such degradation, which compromises the

I composite strength and toughness, is the focus of the current investigation. It has been

observed that in some cases selecting appropriate composite processing conditions can

I minimize such effects but overcoming fiber strength loss remains an important issue for

I the use of these composites.

I
I
I
I
I
I
I
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1. INTRODUCTION

The current limitations to the advancement of ceramic matrix composites are

associated with the development of high strength, oxidation and creep resistant fiber- 3
reinforcements and the control of the interfacial debonding and sliding behaviors. One

approach to reinforcements has been to develop single crystal oxide fibers. The most 1

thoroughly studied of these is sapphire. One promising class of coating is fugitive,1-2

whereby the coating is removed from the interface subsequent to composite

consolidation in order to leave a gap between the fiber and matrix. Carbon and

molybdenum are examples of such coatings. The coating thickness and resulting gap

size are used to manipulate the interfacial sliding resistance. However, the coating 1

chemistry and thickness can affect the surface morphology of the fibers during either I
composite processing or subsequent exposures to high temperatures. This can lead to

pronounced changes in fiber strengths. Such effects are the focus of this investigation. 3
This study has five essential elements. (i) Uncoated fibers were heat treated and

their strengths measured in order to classify inherent strength degradation mechanisms. 3
(ii) Coated fibers were given similar heat treatments and tested to establish additional

degradation phenomena that may arise. (iii) Fibers with thick fugitive coatings of C and 1

Mo were introduced into an alumina matrix by hot pressing. The fibers were removed

by using the fugitive character of the coating. The withdrawn fibers were tested. These

tests identified new degradation mechanisms that may operate with this coating. 1

(iv) Unidirectional composites were fabricated with several coating thicknesses. The

tensile properties of the composite were measured and fiber push-out tests performed. 1

These tests idicated whether there are other strength loss phenomena associated with

composite consolidation. They also allowed correlation to be made between composite

behavior and the fiber strength and the interface debonding and sliding resistance. 3

U
KJS-Evauns-25.TA-Cmp.t Proc Sphr 93/1 1/30.1 0:48 AM.12/8/93 3 U



(v) The fiber morphological changes have been examined in order to provide an

understanding of the mechanisms involved.

2. EXPERIMENTAL PROCEDURES

2.1 Fiber Strength Tests

The fibers were obtained from a single spool of Saphikon sapphire fiber (diameter

- 130 pmo). Their tensile strengths were measured for several fiber conditions by using a

commercially available fiber testing machine* and a one-inch gauge length. The first set

was tested in the as-received state. The second was washed in cold water followed by

acetone and ethanol, and then subjected to the series of heat-treatments summarized in

Table I. The remaining two sets were first washed and then coated with either Mo or C

to a thickness of - 10-15 gm. These were hot pressed into a high purity alumina matrix

using the conditions specified in Table I. After hot pressing, the composites were heat

treated at 1100°C in air for - 2 h to remove the coatings from the interfaces. The fibers

were extracted from the matrix and their strengths were measured directly.

Fiber strength data sets were comprised of - 20 measurements. While this set size

is too small to give an accurate determination of the fiber strength distribution

parameters, it is sufficient to establish definitive trends in the median fiber strength.3,4

2.2 Composite Specimen Fabrication

Unidirectional alumina matrix composites containing Mo coated sapphire fibers

were produced for correlating composite behavior with the properties of the fibers and

interfaces. Coatings with three thicknesses (0.2,0.7 and 1.4 pm) were used. Composites

were produced by hot isostatic pressing (HIPing). These have been made by first

* Micropull Sciences, Thousand Oaks, California
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fabricating a preform comprising coated fibers within a slurry of the matrix material. m

These composites were sealed in an evacuated niobium can. Consolidation was 3
achieved at a pressure of 30 MPa at 1350*C for 30 min (Fig. 1). Dog-bone shaped tensile

specimens were diamond machined from the consolidated composite and the coatings 3
were removed from the interface by heat-treating in air at 1150°C for 50 h.

2.3 Microstructural Characterization I
Scanning electron microscopy (SEM) techniques with energy dispersive X-ray

analysis were used to identify the strength limiting flaws for each data set. In addition,

the morphologies of heat-treated fibers were examined in a field emission scanning

electron microscope (JEOL 6300F) in or, 2r to classify and compare various surface and U
fracture features. I

The interfaces in the composites were examined by transmission electron

microscopy (TEM). For this purpose, electron transparent foils were prepared as 3
described elsewhere. After tensile testing, the fiber pull-out length distributions were

measured from scanning electron micrographs and the surface features of the fibers 3
characterized. In addition, interactions between the fibers and the matrix were also

classified. m

2.4 Composite Testing I

Tension tests were performed on the composite in a fixture located within a 3
scanning electron microscope (Fig. 2). The forces were measured from a load cell. The

behavior at small strains was monitored from strain gauges affixed to the specimen. At

larger strains, the specimen displacement was measured with an LVDT. These strain 3
data were compared with photomicrographic measurements.

The interfacial sliding resistances were measured by using the fiber push-through 3
technique.

3
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I 3. FIBER STRENGTHS

I The fibers in the as-received condition were found to have a median strength,

S- 2.7 GPa, and. Weibull modulus, m - 6.5 (Fig. 3a), consistent with values reported

I in the literature.5 After heating the washed, uncoated fibers to successively higher

I temperatures (1250*C, 13501C and 14500C), there were small, though significant,

reductions in either the mean strength, S, or the WeibuUl modulus, m, (Fig. 3b, Table I).

I Conversely, extracted fibers originally coated with Mo showed considerable strength

loss, at all heat-treatment temperatures (Fig. 3b). The fibers originally coated with

carbon exhibited a smaller resolution in median strength but had the most substantial

E strength variability, reflected in the highest coefficient of variation and the low Weibull

modulus (m = 2.6).

W
I
I
I
U
U
I
I
I
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Table I

Fiber Strength Data U
Treatment' Median Coefficient WeibuU I

Heat Strength of Variation Modulus
(GPa)

12500C 2.6 0.10 9.8 1
Uncoated 1350 0C 2.0 0.15 6.8 3

14500 C 2.1 0.18 5.8

Mo 12500C 1.9 0.16 6.2 U
Coated: 13500C 1.4 0.32 2.2 I

Extracted 14500C 1.0 0.33 3.2

C Coated: I
Extracted 14500 C 1.6 0.38 2.6 I

As-Received 2.9 0.13 6.5 I
I

With the exception of the As-Received set, all fibers were heated in an air furnace at 1150*C for 2 hours
subsequent to the heat treatments shown above.
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4. FIBER MORPHOLOGY

Upon heat treatment, the fiber morphology is found to be strongly influenced by

3 diffusional and chemical reactions, especially in the presence of either fiber

coatings or a composite matrix. There are four basic phenomena (Fig. 4), each

I exemplified by the observations presented below. (i) Surface diffusion causes fiber

I facetting, even in isolated fibers. (ii) Thin polycrystalline coatings, when chemically

inert (no reaction products), are morphologically unstable and develop holes.

I Equilibrium at the hole edges then motivates surface diffusion and induces the

formation of ridges on the fibers. (iii) Chemical reactions occur between the coating and

I the fiber resulting in fiber surface damage. This may produce either solid or gaseous

1 reaction products. (iv) After a coating has either become discontinuous during

composite consolidation or has been removed by oxidation, the matrix may sinter to the

I fiber. This results in localized bonding, causing matrix grains to remain attached to the

fiber during pull-out, upon composite testing.

4.1 Uncoated Fibers

I The fibers display sinusoidal diameter modulations along their length with

3 characteristic wavelengths and amplitudes, described elsewhere. 6 Flaws observed in the

as-received fibers were primarily associated with porosity. Pores develop during fiber

I growth and have been observed within the fibers and at the fiber surfaces (Fig. 5). The

strength range is consistent with calculations for cylindrical rods containing cracks

having the same dimensions as the pores7 (Fig. 6).

The surface features were altered by high temperature heat-treatments. The fibers

facet (Fig. 7), illustrating the inherent morphological instability of single crystal fibers.

3 Frequently, local surface damage was evident resulting from chemical reactions

(Fig. 8a). These sites usually correlate with failure origins and account for the strength
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loss. Energy dispersive X-ray spectroscopy measurements identified Si and Mg at these I
sites (Fig. 8b). Two likely sources of contamination include the incomplete removal of I

the fiber sizing and reactions with inorganic contaminants that condense onto the fiber

surfaces during heat treatment in the air furnace. Such contaminant reactions are 3
avoidable upon encapsulation of the fibers and are of moderate practical concern. I
4.2 Carbon Coated Fibers

The heat treated carbon coated fibers displayed surface regions indicative of a

chemical reaction between the coating and the fiber, localized near fiber ends and at

locations where the coatings were discontinuous. The reaction product, identified by

X-ray analysis as A14C3, severely degraded the fiber surface (Fig. 9). The extent of I

reaction increased with temperature (Fig. 10). In addition, accentuated fiber facetting

occurred near the reaction sites.

Thermodynamic calculations (Appendix 1) indicate that alumina and C can react 3
to form volatile aluminum suboxides at temperatures as low as 1100°C, at least when

heat treatments are conducted in an open system.8-11 The progress of these reactions 3
requires a means of removing CO from the reaction site, consistent with the reactions

being preferentially located at the fiber ends and at coating discontinuities. This I
tendency for localized attack is presumably responsible for the strength variability of the I

fibers. Some fibers were relatively undamaged in the gauge section and exhibit

strengths similar to the uncoated fibers heat treated to the same temperature. Others 3
were damaged in the gauge length associated with areas where the coating was

discontinuous. 3
4.3 Mo Coated Fibers I

Observations of the extracted Mo coated fibers reveal substantial changes in I

surface morphology. At least two phenomena contribute. The first involves the breakup

3
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I of the polycrystalline Mo coating.1 2,13 The Mo/A1203 interface then forms ridges on the

I surface of the sapphire, at the Mo grain edges. This process proceeds by surface and

interface diffusion. The ridges are visible when the coating is chemically etched from the

I fibers (Fig. 11). They heighten as the heat treatment temperature increases. Upon

removing the coating, further heat treatment causes the ridges to become unstable. The

I morphology then resembles fiber facetting, but with an additional surface roughness

that originates with the ridges.

A second potential phenomenon involves the dissolution of alumina in Mo. If it

occurs, the same morphological changes discussed above would proceed, but the

kinetics could be more rapid than those for interface diffusion. Such dissolution has

I been well documented for Nb/A120 3 interfaces 14 and has been reported to occur for

I Mo/A120 3 composites as well at temperatures similar to those used in this study

(subject to the oxygen partial pressure).15 However, it has not been verified for Mo,

I because high resolution TEM specimens are difficult to produce without interface

debonding.

3 The large strength reduction found for the Mo coated fibers is presumed to relate

to the ridges and troughs formed by diffusion or dissolution. It has not been possible to

quantify the measured strengths, because an appropriate surface flaw model has not

3 been developed. However, the general trend toward a lower strength with increased

ridge height, as the temperature increases, suggests that a model based on the stress

3 intensification caused by ridges and troughs is consistent with the measurements.

U 4.4 Fibers Within A Composite

Thin (0.2 and 0.7 gLm) Mo fiber coatings do not remain continuous after composite

consolidation (Fig. 12). Consequently, submicron thick Mo fiber coatings permit the

I fibers to sinter to the matrix, during HIPing, in those areas where the coating has

become discontinuous (Fig. 13). The thicker (1.4 pm ) Mo coatings are continuous
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I
(Fig. 12), but the thickness is non-uniform. For these coatings, local sintering of the fiber

to the matrix does not occur upon HI-ing, but can still occur after the coating has been

removed. In such cases, upon debonding, some matrix grains remain attached to the

fiber, with associated ridge formation and fiber damage (Fig. 14). Chipping of the fibers

can also occur (Fig. 15). Such visual evidence of fiber, matrix sintering allows

measurement of the sintered regions to give the area fraction of fiber bonded to the 3
matrix, fA (Table II). In some locations, additional features are evident, manifest as,large

ridges and troughs between neighboring sintered sites (Fig. 16).

Sintered areas resist debonding and increase the interfacial fracture energy in

proportion to the area fraction of bonding. Moreover, when the matrix sinters to the

fibers, the resulting damage (Fig. 14, 15) reduces the fiber strength. The relatively large 3
depth of these damaged regions compared with the size of the ridges and troughs

found for the extracted Mo coated fibers (Fig. 3) suggests that the strengths may be I
substantially lower in the HIPed composites. The magnitude of the additional strength

reduction is implied from analyses conducted below. I
Localized sintering would also induce residual stress upon cooling, because of the

thermal expansion mismatch between c-axis sapphire and polycrystalline A120 3. Such

stresses should be of order 100 MPa and may influence trough formation (Appendix ID.

5. COMPOSITE PROPERTIES a
Composites with Mo coated fibers were tested after removing the Mo. All failed ,

from a single dominant crack because of the low fiber volume fractions (f < 0.20).

However, the fracture resistance and the extent of fiber pull-out were very different for

the three coating thicknesses (Table 11). The specimens with thin (0.2 p-m) gaps had low

toughness and exhibited co-planar fracture (Fig. 17), with no pull-out. Conversely,

appreciable pull-out was evident for the two larger interfacial gaps (Fig. 18). Moreover,

I
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I the material with the 1.4 pm interface gaps exhibited substantially more pull-out

5 (average pull-out length, h - 640 pIn) than the material with the 0.7 pin gaps

(h - 90 pm). A typical load-displacement curve for these materials illustrates the fiber

I pull-out contribution to the composite fracture resistance (Fig. 19). The magnitude of the

fracture dissipation is 40 k Jm-2. The associated ultimate tensile strengths (UTS),

summarized in Table I indicate a similar trend, with the larger gap giving a

5 considerably higher UTS.

The corresponding push-out behaviors are summarized in Fig. 20. The composite

I with the thinnest coating did not exhibit push-out. The inability of this interface to slide

and pull-out results from sintering. Conversely, sliding was induced in the other two

I composites. B, I materials exhibited essentially the same sliding resistance, probably

i because local variations in the coating thickness, rather than the average gap width,

dominate sliding.

£
I 6. ANALYSIS

6.1 Method and Assumptions

U An attempt is made to interpret the above composite behavior in terms of the fiber

3 strength degradation phenomena, discussed above, in conjunction with related trends

in interface properties. For this purpose, three basic assumptions are made and used

I together with models of interface debonding and sliding, as well as fiber pull-out. It is

assumed te 4,-, when the fiber sinters to the matrix, debonding occurs when the energy

U release ra ,eaches the me-Ae I fracture energy of the fine-grained alumina polycrystals

I (1c - 25 Jm-2). The deboi,,.. energy is then,

3 r fArc (1)
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with fA given in Table U. It is also assumed that a sliding zone exists behind the U
debond, subject to a constant sliding resistance, T . In this case, the debond length, 1, at 3
stress, O, is16

S= R(1-f)( ) (2)
2rf 3

where R is the fiber radius, f is the fiber volume fraction and (li is the debond stress I
given by, 3

oY 1 -- F/R - aT C2 (3)
C, c,j

where (YT is the axial misfit stress caused by thermal expansion mismatch and C1 and

C2 are constants defined by Hutchinson and Jensen. 16

Finally, it is assumed that fiber failure occurs within the debond zone, in accordance 3
with weakest link statistics. The fiber pull-out length h should then be related to i. The

relationship between 1 and h is considered to be similar to that devised by Curtin,17  I

h = I ,(m) (4) 3
U

where V" is a function of the Weibull modulus of the fibers. Equation (4) must be a lower

bound for the pull-out length. 3
6.2 Interpretation 3

The preceding formulae allow an understanding and rationalization of the 3
observation that composites with the 0.7 p•m gap have smaller pull-out lengths than

3
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I materials with a 1.4 pLan gap, but yet have similar sliding resistance. There are two

I factors involved. (i) A smaller debond length is expected with the narrower gap,

because of the larger debond resistance that has been induced by the more extensive

I fiber/matrix sintering. Slip is limited by the debond length.* (ii) Fiber weakening occurs

when matrix grains sinter to the fibers and create damage sites (Fig. 14,15).

i The measured UTS, Yu, may be inserted into Eqn. (2) and, upon using Eqns. (1)

i and (3), the debond lengths at failure may be estimated. The results (Table HI) verify that

a considerably larger debond length develops for the composite with the wider interface

gap. Moreover, the proportionality constant, )', between the pull-out length, h, and the

debond length i (Eqn. 4) is similar for both materials.

I The strengths of the fibers in the composite Sc is out of order (Table II),

Ss = 0.1f (5)I
These strengths are considerably lower than those measured for the extracted fibers

with the thick coatings. It is implied that the strengths have been markedly degraded by

sintering of the matrix to the fibers. Furthermore, because Sc represents the strength

I measured at a gauge length of order the debond length, even smaller values would

obtain at a 1" gauge length.

!
I

I * In addition, local residual stresses at the bonded sites along the interface may influence the interface
crack trajctory.18
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Table 11

Composite Properties

Coating c h Fracture of Measured
Thickness (MPa) (Am) Fiber/Matrix UTS Sc I

(11m) Bonded (MPa) (GPa) (jim) (M) 3
0.7 17 90 -0.05 22 0.1 250 0.3 1
1.4 15 640 - 0.01 79 0.4 1000 0.7 3

I
U
U
U
U
I
U
U
3

KJS-Evui-a.2TA-Cnmpt Pro Sph 9311/0o.10o:4 Aiwa.1 u 15 I



I
I

7. SUMMARYI
Single crystal sapphire fibers have been suggested as a high strength reinforcement

for ceramic matrix composites. Interfaces have been developed based on a fugitive

coating concept which satisfies the fiber debonding and sliding conditions for

toughness enhancement in these materials. However, the strengths of the fibers are

reduced by the presence of the coatings and are further reduced upon forming a

composite. The mechanisms for the strength loss of coated fibers include: i) gas phase

I reactions with the coating which produce aluminum sub-oxides and etch the fibers ii)

chemical reactions which form solid state reaction products and iii) facetting or ridging

I by surface diffusion. Carbon coated fibers are susceptible to the first two modes of

I degradation. However, it should be possible to minimize these effects by selecting

composite processing conditions that provide a controlled CO/CO2 atmosphere. For the

I Mo coatings, the degradation mechanisms are primarily of the third type and more

difficult to eliminate.

I Additional fiber strength reduction results after composite processing with thin

coatings, due to localized sintering of the matrix to the fiber. Such bonding affects the

surface of the fibers. It also imposes a residual stress, which may further alter the

I surface morphology. It is believed that this strength loss could be minimized by

manipulating the matrix microstructure and chemistry (by incorporating segregants) to

I reduce the sintering potential.

I

I
I
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APPENDIX I

Thermodynamic Calculations

For alumina to be reduced by carbon during diffusion bonding, a maximum

pressure for the reaction system can be determined. The chemical reactions of interest

and their standard free energies,* AGO (J/ mole), per mole of CO, are as follows:

I. A120 3 (s)+ 9/2 C (s) = 1/2 A14C3 (s) + 3CO (g)

AG*= 1260904.5 - 575.5 T

H. A1203 (s) + C (s) = A1202 (g) + CO (g)
AGO = 1141595 - 389.3 T

m. A1203 (s) + 2C (s) = A120 (g) + 2CO (g)

AGO = 1262879 - 551.7 T

IV. A1203 (s) + C (s) = 2A10 (g) + CO (g)
AGO = 1600515 - 522.2 T

V. A1203 (s) + 3C (s) = 2A1 (g) + 3CO (g)

AGO = 1929403 - 799.7 T

VI. C(s) + 1/202(g) = CO(g)

AG0 = -111700-87.65 T

VII. 2CO (g)+ 02 (g) = 2CO2 (g)

AGO= -5"4800+173.6 T

where T is the temperature. Reaction I was calculated to have the lowest free energy for

the temperature range of interest (1250'C-1450*C). Furthermore, since this reaction

"Thermodynamic data are taken from references 8-11.
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I
involves the formation of one gaseous species the equilibrium CO partial pressure can 3
be determined as a function of temperature.# The equilibrium CO partial pressure is

calculated (Table A.1), using 3

F= exp AGO]

For Reaction I to proceed, the partial pressures of CO in the system must not exceed the I
equilibrium values. The partial pressures of the CO2, 02 and the aluminum suboxides

can also be determined using these CO partial pressures (Table A2).

I
Table AI 3

Equilibrium Partial Pressure of CO for Reaction I

T (0C) pCO (atm)

1250 4.0*10-5 3
1350 3-1*10-4

1450 1.9*10-3 3
For Reaction I to proceed, the CO partial pressures in the system must not exceed 3

the equilibrium values. Such pressures cannot develop in the vacuum system used for

the present experiments. 3
With Pco specified ,t its equilibrium value, the partial pressures of the aluminum

suboxides can be determined for Reactions II to V (Table All).

# It is assumed that the buffer system descibed by reactions VI. and VII. does not dictate the CO partial
pressure in the system.
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I Fig. 12. Schematic of the effect of mode mixity on the relative crack growth rates for

different crack trajectories. Also shown is the ratio of AG 's. For this case,
interface debonding is preferred over mode I growth into the alloy.
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ABSTRACT

The current interest in tough, high-temperature materials has motivated fiber

3 coatings development for sapphire fiber-reinforced alumina composites. For this

system, it has been demonstrated that the interfacial properties can be controlled with

coatings which can be eliminated from the interface subsequent to composite

I consolidation. However, these fugitive coatings can contribute to the high temperature

strength degradation of sapphire fibers. Such degradation, which compromises the

U composite strength and toughness, is the focus of the current investigation. It has been

observed that in some cases selecting appropriate composite processing conditions can

3 minimize such effects but overcoming fiber strength loss remains an important issue for

the use of these composites.
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1. INTRODUCTION U

The current limitations to the advancement of ceramic matrix composites are

associated with the development of high strength, oxidation and creep resistant fiber- 3
reinforcements and the control of the interfacial debonding and sliding behaviors. One

approach to reinforcements has been to develop single crystal oxide fibers. The most U
thoroughly studied of these is sapphire. One promising class of coating is fugitive,1-2

whereby the coating is removed from the interface subsequent to composite

consolidation in order to leave a gap between the fiber and matrix. Carbon and

molybdenum are examples of such coatings. The coating thickness and resulting gap

size are used to manipulate the interfacial sliding resistance. However, the coating 3
chemistry and thickness can affect the surface morphology of the fibers during either

composite processing or subsequent exposures to high temperatures. This can lead to

pronounced changes in fiber strengths. Such effects are the focus of this investigation. 3
This study has five essential elements. (i) Uncoated fibers were heat treated and

their strengths measured in order to classify inherent strength degradation mechanisms.

(ii) Coated fibers were given similar heat treatments and tested to establish additional

degradation phenomena that may arise. (iii) Fibers with thick fugitive coatings of C and

Mo were introduced into an alumina matrix by hot pressing. The fibers were removed

by using the fugitive character of the coating. The withdrawn fibers were tested. These

'ests identified new degradation mechanisms that may operate with this coating. 3
(iv) Unidirectional composites were fabricated with several coating thicknesses. The

tensile properties of the composite were measured and fiber push-out tests performed. i
These tests idicated whether there are other strength loss phenomena associated with

composite consolidation. They also allowed correlation to be made between composite

behavior and the fiber strength and the interface debonding and sliding resistance. 3

P
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I (v) The fiber morphological changes have been examined in order to provide an

I understanding of the mechanisms involved.

U 2. EXPERIMENTAL PROCEDURES

I 2.1 Fiber Strength Tests

The fibers were obtained from a single spool of Saphikon sapphire fiber (diameter

- 130 glm). Their tensile strengths were measured for several fiber conditions by using a

I commercially available fiber testing machine* and a one-inch gauge length. The first set

was tested in the as-received state. The second was washed in cold water followed by

I acetone and ethanol, and then subjected to the series of heat-treatments summarized in

Table I. The remaining two sets were first washed and then coated with either Mo or C

to a thickness of - 10-15 tnm. These were hot pressed into a high purity alumina matrix

I using the conditions specified in Table I. After hot pressing, the composites were heat

treated at 1100*C in air for - 2 h to remove the coatings from the interfaces. The fibers

I were extracted from the matrix and their strengths were measured directly.

Fiber strength data sets were comprised of - 20 measurements. While this set size

I is too small to give an accurate determination of the fiber strength distribution

i parameters, it is sufficient to establish definitive trends in the median fiber strength.3 A

I 2.2 Composite Specimen Fabrication

Unidirectional alumina matrix composites containing Mo coated sapphire fibers

S were produced for correlating comnosite behavior with the properties of the fibers and

I interfaces. Coatings with three thicknesses (0.2,0.7 and 1.4 pJm) were used. Composites

were produced by hot isostatic pressing (HIPing). These have been made by firstI
* Micropull Sciences, Thousand Oaks, California

I
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fabricating a preform comprising coated fibers within a slurry of the matrix material. U
These composites were sealed in an evacuated niobium can. Consolidation was

achieved at a pressure of 30 MPa at 1350*C for 30 min (Fig. I). Dog-bone shaped tensile

specimens were diamond machined from the consolidated composite and the coatings 3
were removed from the interface by heat-treating in air at 1150*C for 50 h.

2.3 Microstructural Characterization

Scanning electron microscopy (SEM) techniques with energy dispersive X-ray

analysis were used to identify the strength limiting flaws for each data set. In addition,

the morphologies of heat-treated fibers were examined in a field emission scanning

electron microscope (JEOL 6300F) in order to classify and compare various surface and U
fracture features. 3

The interfaces in the composites were examined by transmission electron

microscopy (TEM). For this purpose, electron transparent foils were prepared as 3
described elsewhere. After tensile testing, the fiber pull-out length distributions were

measured from scanning electron micrographs and the surface features of the fibers 3
characterized. In addition, interactions between the fibers and the matrix were also

classified. I

2.4 Composite Testing I
Tension tests were performed on the composite in a fixture located within a 3

scanning electron microscope (Fig. 2). The forces were measured from a load cell. The

behavior at small strains was monitored from strain gauges affixed to the specimen. At i
larger strains, the specimen displacement was measured with an LVDT. These strain 3
data were compared with photomicrographic measurements.

The interfacial sliding resistances were measured by using the fiber push-through

technique.

9
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U 3. FIBER STRENGTHS

3 The fibers in the as-received condition were found to have a median strength,

S- 2.7 GPa, and i Weibull modulus, m - 6.5 (Fig. 3a), consistent with values reported

I in the literature.5 After heating the washed, uncoated fibers to successively higher

I temperatures (1250°C, 1350*C and 1450*C), there were small, though significant,

reductions in either the mean strength, S, or the Weibull modulus, m, (Fig. 3b, Table I).

IConversely, extracted fibers originally coated with Mo showed considerable strength

loss, at all heat-treatment temperatures (Fig. 3b). The fibers originally coated with

I carbon exhibited a smaller resolution in median strength but had the most substantial

I strength variability, reflected in the highest coefficient of variation and the low Weibull

modulus (m - 2.6).

I
I
U
I
U

I
I

I
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Table I

Fiber Strength Data I

Median Coefficient Weibull I
Heat Treatment Strength of Variation Modulus

(GPa)

12500C 2.6 0.10 9.8 3
Uncoated 1350 0C 20 0.15 6.8 3

14500C 2.1 0.18 5.8

Mo 12500C 1.9 0.16 6.2 I
Coated: 13500C 1.4 0.32 2.2

I
Extracted 1450 0C 1.0 0.33 3.2

C Coated: 1

Extracted 14500C 1.6 038 2.6 I
As-Received 2.9 0.13 6.5 I

U

"With the exception of the As-Received set, ali fibeus were heated in an air furnace at 1150 C for 2 hours i
subsequent to the heat treatments shown above.
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4. FIBER MORPHOLOGY

Upon heat treatment, the fiber morphology is found to be strongly influenced by

3both diffusional effects and chemical reactions, especially in the presence of either fiber

coatings or a composite matrix. There are four basic phenomena (Fig. 4), each

i exemplified by the observations presented below. (i) Surface diffusion causes fiber

-- facetting, even in isolated fibers. (ii) Thin polycrystalline coatings, when chemically

inert (no reaction products), are morphologically unstable and develop holes.

Equilibrium at the hole edges then motivates surface diffusion and induces the

formation of ridges on the fibers. (iii) Chemical reactions occur between the coating and

i the fiber resulting in fiber surface damage. This may produce either solid or gaseous

reaction products. (iv) After a coating has either become discontinuous during

composite consolidation or has been removed by oxidation, the matrix may sinter to the

i fiber. This results in localized bonding, causing matrix grains to remain attached to the

fiber during pull-out, upon composite testing.

i 4.1 Uncoated Fibers

I The fibers display sinusoidal diameter modulations along their length with

I characteristic wavelengths and amplitudes, described elsewhere. 6 Flaws observed in the

as-received fibers were primarily associated with porosity. Pores develop during fiber

U growth and have been observed within the fibers and at the fiber surfaces (Fig. 5). The

strength range is consistent with calculations for cylindrical rods containing cracks

having the same dimensions as the pores7 (Fig. 6).

The surface features were altered by high temperature heat-treatments. The fibers

facet (Fig. 7), illustrating the inherent morphological instability of single crystal fibers.

I Frequently, local surface damage was evident resulting from chemical reactions

(Fig. 8a). These sites usually correlate with failure origins and account for the strength
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loss. Energy dispersive X-ray spectroscopy measurements identified Si and Mg at these I
sites (Fig. 8b). Two likely sources of contamination include the incomplete removal of

the fiber sizing and reactions with inorganic contaminants that condense onto the fiber

surfaces during heat treatment in the air furnace. Such contaminant reactions are 3
avoidable upon encapsulation of the fibers and are of moderate practical concern. 3
4.2 Carbon Coated Fibers

The heat treated carbon coated fibers displayed surface regions indicative of a

chemical reaction between the coating and the fiber, localized near fiber ends and at

locations where the coatings were discontinuous. The reaction product, identified by

X-ray analysis as A14C3, severely degraded the fiber surface (Fig. 9). The extent of 3
reaction increased with temperature (Fig. 10). In addition, accentuated fiber facetting

occurred near the reaction sites.

Thermodynamic calculations (Appendix 1) indicate that alumina and C can react 3
to form volatile aluminum suboxides at temperatures as low as 11000C, at least when

heat treatments are conducted in an open system.8-11 The progress of these reactions 3
requires a means of removing CO from the reaction site, consistent with the reactions

being preferentially located at the fiber ends and at coating discontinuities. This I
tendency for localized attack is presumably responsible for the strength variability; of the 3
fibers. Some fibers were relatively undamaged in the gauge section and exhibit

strengths similar to the uncoated fibers heat treated to the same temperature. Others 3
were damaged in the gauge length associated with areas where the coating was

discontinuous. I

4.3 Mo Coated Fibers 3
Observations of the extracted Mo coated fibers reveal substantial changes in 3

surface morphology. At least two phenomena contribute. The first involves the breakup
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I of the polycrystalline Mo coating.12,13 The Mo/A1203 interface then forms ridges on the

I surface of the sapphire, at the Mo grain edges. This process proceeds by surface and

interface diffusion. The ridges are visible when the coating is chemically etched from the

I fibers (Fig. 11). They heighten as the heat treatment temperature increases. Upon

removing the coating, further heat treatment causes the ridges to become unstable. The

I morphology then resembles fiber facetting, but with an additional surface roughness

i that originates with the ridges.

A second potential phenomenon involves the dissolution of alumina in Mo. If it

I occurs, the same morphological changes discussed above would proceed, but the

kinetics could be more rapid than those for interface diffusion. Such dissolution has

I been well documented for Nb/A120 3 interfaces 14 and has been reported to occur for

i Mo/A120 3 composites as well at temperatures similar to those used in this study

(subject to the oxygen partial pressure).15 However, it has not been verified for Mo,

I because high resolution TEM specimens are difficult to produce without interface

debonding.

I The large strength reduction found for the Mo coated fibers is presumed to relate

to the ridges and troughs formed by diffusion or dissolution. It has not been possible to

quantify the measured strengths, because an appropriate surface flaw model has not

been developed. However, the general trend toward a lower strength with increased

ridge height, as the temperature increases, suggests that a model based on the stress

intensification caused by ridges and troughs is consistent with the measurements.

4.4 Fibers Within A Composite

i Thin (0.2 and 0.7 pnm) Mo fiber coatings do not remain continuous after composite

consolidation (Fig. 12). Consequently, submicron thick Mo fiber coatings permit the

i fibers to sinter to the matrix, during HIPing, in those areas where the coating has

become discontinuous (Fig. 13). The thicker (1.4 JLm ) Mo coatings are continuous

I
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(Fig. 12), but the thickness is non-uniform. For these coatings, local sintering of the fiber

to the matrix does not occur upon HIPing, but can still occur after the coating has been

removed. In such cases, upon debonding, some matrix grains remain attached to the

fiber, with associated ridge formation and fiber damage (Fig. 14). Chipping of the fibers 1
can also occur (Fig. 15). Such visual evidence of fiber, matrix sintering allows

measurement of the sintered regions to give the area fraction of fiber bonded to the 3
matrix, fA (Table II). In some locations, additional features are evident, manifest as,large

ridges and troughs between neighboring sintered sites (Fig. 16).

Sintered areas resist debonding and increase the interfacial fracture energy in

proportion to the area fraction of bonding. Moreover, when the matrix sinters to the

fibers, the resulting damage (Fig. 14,15) reduces the fiber strength. The relatively large 3
depth of these damaged regions compared with the size of the ridges and troughs

found for the extracted Mo coated fibers (Fig. 3) suggests that the strengths may be 3
substantially lower in the HIPed composites. The magnitude of the additional strength

reduction is implied from analyses conducted below.I

Localized sintering would also induce residual stress upon cooling, because of the

thermal expansion mismatch between c-axis sapphire and polycrystalline A120 3 . Such

stresses should be of order 100 MPa and rmay influence trough formation (Appendix I1).

5. COMPOSITE PROPERTIES N
Composites with Mo coated fibers were tested after removing the Mo. All failed U

from a single dominant crack because of the low fiber volume fractions (f < 0.20).

However, the fracture resistance and the extent of fiber pull-out were very different for

the three coating thicknesses (Table II). The specimens with thin (0.2 Jim) gaps had low 3
toughness and exhibited co-planar fracture (Fig. 17), with no pull-out. Conversely,

appreciable pull-out was evident for the two larger interfacial gaps (Fig. 18). Moreover, S
P
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the material with the 1.4 Jim interface gaps exhibited substantially more pull-out

(average pull-out length, h - 640 gm) than the material with the 0.7 pam gaps

(h - 90 prm). A typical load-displacement curve for these materials illustrates the fiber

pull-out contribution to the composite fracture resistance (Fig. 19). The magnitude of the

fracture dissipation is 40 k Jm-2. The associated ultimate tensile strengths (UTS),

summarized in Table I indicate a similar trend, with the larger gap giving a

considerably higher UTS.

The corresponding push-out behaviors are summarized in Fig. 20. The composite

with the thinnest coating did not exhibit push-out. The inability of this interface to slide

and pull-out results from sintering. Conversely, sliding was induced in the other two

composites. B& dh materials exhibited essentially the same sliding resistance, probably

because local variations in the coating thickness, rather than the average gap width,

dominate sliding.

I
I 6. ANALYSIS

6.1 Method and Assumptions

I An attempt is made to interpret the above composite behavior in terms of the fiber

I strength degradation phenomena, discussed above, in conjunction with related trends

in interface properties. For this purpose, three basic assumptions are made and used

S together with models of interface debonding and sliding, as well as fiber pull-out. It is

assumed 0' t, when the fiber sinters to the matrix, debonding occurs when the energy

I release ra eaches the mc4e I fracture energy of the fine-grained alumina polycrystals

S (lc - 25 jm-2). The debor,,.. energy is then,

I
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with IA given in Table H. It is also assumed that a sliding zone exists behind the U
debond, subject to a constant sliding resistance, T . In this case, the debond length, 1, at 3
stress, y, is16

SR f)(2)2, --
2t:f 3

where R is the fiber radius, f is the fiber volume fraction and Oi is the debond stress I
given by, 3

ai = -T(Cj (3)3
C ),Cl I

where aT is the axial misfit stress caused by thermal expa1,sion mismatch and C1 and

C2 are constants defined by Hutchinson and Jensen.16

Finally, it is assumed that fiber failure occurs within the debond zone, in accordance 3
with weakest link statistics. The fiber pull-out length h should then be related to 1. The

relationship between i and R is considered to be similar to that devised by Curtin,17  I

R = IX.'(m) (4) 1
U

where X' is a function of the Weibull modulus of the fibers. Equation (4) must be a lower

bound for the pull-out length.

6.2 Interpretation 3
The preceding formulae allow an understanding and rationalization of the

observation that composites with the 0.7 pm gap have smaller pull-out lengths than

3
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I materials with a 1.4 Jim gap, but yet have similar sliding resistance. There are two

I factors involved. (i) A smaller debond length is expected with the narrower gap,

because of the larger debond resistance that has been induced by the more extensive

I fiber/matrix sintering. Slip is limited by the debond length.t (ii) Fiber weakening occurs

when matrix grains sinter to the fibers and create damage sites (Fig. 14, 15).

I The measured UTS, Ou, may be inserted into Eqn. (2) and, upon using Eqns. (1)

I and (3), the debond lengths at failure may be estimated. The results (Table HI) verify that

a considerably larger debond length develops for the composite with the wider interface

gap. Moreover, the proportionality constant, V', between the pull-out length, h, and the

debond length i (Eqn. 4) is similar for both materials.

3 The strengths of the fibers in the composite Sc is out of order (Table II),

I s -= o/f (5)I
These strengths are considerably lower than those measured for the extracted fibers

I with the thick coatings. It is implied that the strengths have been markedly degraded by

sintering of the matrix to the fibers. Furthermore, because Sc represents the strength

I measured at a gauge length of order the debond length, even smaller values would

I obtain at a 1" gauge length.

3
I
I

It In addition, local residual stresses at the bonded sites along the interface may influence the interface
crack trajectory. 18
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Table II 1

Composite Properties

Coating h Fracture of Measured I
Thickness (MPa) (p4m) Fiber/Matrix UTS Sc £

(JIm) Bonded (MPa) (GPa) (Jim) (m) 3
0.7 17 90 -0.05 22 0.1 250 0.3 3
1.4 15 640 -0.01 79 0.4 1000 0.7 3

I
I

I

I
U
I
I
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7. SUMMARY

Single crystal sapphire fibers have been suggested as a high strength reinforcement

for ceramic matrix composites. Interfaces have been developed based on a fugitive

coating concept which satisfies the fiber debonding and sliding conditions for

toughness enhancement in these materials. However, the strengths of the fibers are

5 reduced by the presence of the coatings and are further reduced upon forming a

composite. The mechanisms for the strength loss of coated fibers include: i) gas phase

I reactions with the coating which produce aluminum sub-oxides and etch the fibers ii)

chemical reactions which form solid state reaction products and iii) facetting or ridging

I by surface diffusion. Carbon coated fibers are susceptible to the first two modes of

I degradation. However, it should be possible to minimize these effects by selecting

composite processing conditions that provide a controlled CO/CO2 atmosphere. For the

I Mo coatings, the degradation mechanisms are primarily of the third type and more

difficult to eliminate.

3 Additional fiber strength reduction results after composite processing with thin

coatings, due to localized sintering of the matrix to the fiber. Such bonding affects the

surface of the fibers. It also imposes a residual stress, which may further alter the

I surface morphology. It is believed that this strength loss could be minimized by

manipulating the matrix microstructure and chemistry (by incorporating segregants) to

I reduce the sintering potential.

I
I
I
3
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I APPENDIX I

I Thermodynamic Calculations

I For alumina to be reduced by carbon during diffusion bonding, a maximum

I pressure for the reaction system can be determined. The chemical reactions of interest

and their standard free energies,* AG (J/ mole), per mole of CO, are as follows:I
I. A120 3 (s)+ 9/2 C (s) = 1/2 A14 C3 (s) + 3CO (g)

3 AGO= 1260904.5 - 575.5 T

UI. A1203 (s) + C (s) = A120 2 (g) + CO (g)
AGO = 1141595 - 389.3 T

3 IM. A1203 (s) + 2C (s) = A120 (g) + 2C0 (g)

AGO = 1262879 - 551.7 TI
IV. A1203 (s) + C (s) = 2A10 (g) + CO (g)

3 AGO = 1600515- 522.2 T

3 V. A1203 (s) + 3C (s) = 2AI (g) + 3CO (g)
AGO = 1929403 - 799.7 T

SVI. C(s) + 1/202(g) =CO(g)
AGO= -111700-87.65 TI

VIL. 2C0 (g)+ 02 (g) = 2C02 (g)

3 AGO= -564800+173.6 T

I where T is the temperature. Reaction I was calculated to have the lowest free energy for

the temperature range of interest (1250*C-14500C). Furthermore, since this reaction

I
Thermodynamic data are taken from references 8-11.3
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I
involves the formation of one gaseous species the equilibrium CO partial pressure can 3
be determined as a function of temperature.' The equilibrium CO partial pressure is
calculated (Table A.1), using

PCO = Ixp A Go[ 3RTJ
For Reaction I to proceed, the partial pressures of CO in the system must not exceed the I
equilibrium values. The partial pressures of the CO2, 02 and the aluminum suboxides

can also be determined using these CO partial pressures (Table A2).

I
Table Al 3

Equilibrium Partial Pressure of CO for Reaction I I
T (0C) pCO (atm)

1250 4.0"10-5

I1350 3.1"10-4

1450 1.9*10-3 I
For Reaction I to proceed, the CO partial pressures in the system must not exceed I

the equilibrium values. Such pressures cannot develop in the vacuum system used for

the present experiments. 3
With Pco specified at its equilibrium value, the partial pressures of the aluminum

suboxides can be determined for Reactions II to V (Table A)D.

It is assumed that the buffer system descibed by reactions VI. and VII. does not dictate the CO partial S
pressure in the system.
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I From these results, it is apparent that both A120 and Al have significant partial

5 pressures under conditions that also permit the formation of A14C3. The formation of

these volatile phases could occur by reaction with CO in regions adjacent to the C

I coating, consistent with the observation of rapid facetting near discontinuities in the

I coating.

9
I
I

I
I
I
I
I
I
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TABLE All5

Partial Pressures of Gas Phases for the Aluminum Oxide/Carbon System*5

T (OC) pCO pAl2Oz pAl pAl2O pAlO ptotal

(atm) (atm) (atmi) (atm) (atm) (atm)

1250 4.0e10-5 3.0*10415 2.0*10-6 1.6*10-6 2.3*10)-12 2 9"10-,5I

1350 3.1*10-4 1.3*10-13 1.2*10-5 1.4*10-5 4.0*10-11 3.410-4

1450 1.9"10-3 2.8*1-12 5.0*10($ 1.3*10-4 5.0*10-10 2.*1-

Thsersutsae n esoabeagernntwthlieatrevlus.(ef:SpageinRe.ofF~hTep
Sys vo. 1, d. .S.Ban, ordn &Brach(194)
VUSEvv$-2-TAC~tPM pt =I113-1046 WIM 2



Reaction 1. can proceed if ptotal > pfurnace

1 0.1

3. 0.0010
0

10-I 1000 1100 1200 1300 1400 1500
T (00

From the graph above it can be seen that Reaction I can proceed in theI vacuum fuirnace at temperatures exceeding 1100*C even for the lower
vacuum range (510" t7rr).

- S-vansAcuumt Prang (5- 010I-48 tort).2

I

3

I
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APPENDIX II

Crack-Like Surface Instabilities lI
Recent analyses have shown that surface perturbations can grow into crack-like 3

flaws, by surface diffusion, in bodies subject to stress.19 The flux is provided by the

strain energy contribution to the chemical potential, which can exceed the surface 1
curvature term, at sufficiently high stress. The consequence is that there is a critical

stress, ac, above which such flaws can develop. The surface troughs observed in some 1
of the fibers may be caused by this phenomenon. In order to explore this possibility, 3
analysis of the critical stress is performed.

The basic requirement for tho development of crack-like flaws is that the change in I
strain energy, dU, upon crack extension, da, exceed the increase in surface energy, dUs,

as in the original GriffiLh analysis. This condition defines the critical stress. For an array m

of surface flaws of depth, a, and separation, b, the energy release rate at stress, Y, is

d u a0 ,b ] F(afb) (Al)3

where the function F(a/b) is plotted on Fig. Al. The corresponding change in surface

energy is 3
dU _|

- = 2y. (A2)
dag

where y• is the surface energy per unit area. Hence, for flaw growth to be possible, 3

I
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dU/da ! dU,/da W)

resulting in a critical stress,

I 2= (A4)

For flaws with depths in the micron range to extend in sapphire, Eqn. (A4) indicates

that stresses of order 500 MPa are required (Fig. A2). While such stresses are unlikely,

the mechanism has not been ruled out because of the morphological similarity of the

observed trough with the profile predicted for diffusive crack growth.

I
I

I
I

I
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FIGURE CAPTIONS

Fig. 1. Cross section of composite produced by HIPing.i

Fig. 2. Composite tensile test geometry for in situ studies in the SEM. I
Fig. 3. a) Fiber strength data: P is the cumulative probability of fracture.

b) Effect of heat treatment on median strengths and standard deviation. I
Fig. 4. Schematic representations of the surface morphology changes found to occur 5

when coated sapphire fibers are heat treated.

Fig. 5. Pores observed on the surface of a sapphire fiber. i

Fig. 6. Fiber strength predictions obtained upon assuming that the porous behaviors
are penny-cracks. The fracture energy for sapphire was assumed to be 15 I
Jm"2. Typical pore diameters are - 1 ;Lm. The stress intensity factor is,
KI = (2/4x-) a• 4a F(a/b).

Fig. •7. Facets observed on the surfaces of uncoated, heat treated fibers. 3
Fig. 8. a) Surface damage was observed on uncoated, heat-treated fibers. A chemical

reaction has occurred between the fiber and the contaminant. b) The reaction3
site examined by EDS, reveals Si and Mg.

Fig. 9. Localized fiber surface degradation observed when carbon coatings were i
used.

Fig. 10. The fiber surface degradation (near the coating edge) for the carbon coated
fibers increases with the heat-treatment temperature. a) Surface features of a
fiber heated in vacuum for 2 h at 1250*C. b) Surface features of a fiber heated
in vacuum for 2 h at 1350*C. c) Surface features of a fiber heated in vacuum for

2 h at 14500C.

Fig. 11. Ridges on the sapphire surface observed when Mo coated fibers were heat 3
treated. The coating has been chemically etched from the fiber surface.

I
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Fig. 12. TEM micrographs reveal that a) 0.7 mm thick Mo coatings do not remain

continuous during HIPing. b) 1.4 pjmn thick Mo coatings are continuous.

Fig. 13. Bonding between the fiber and the matrix can occur during composite

consolidation when thin Mo coatings (0.7 gim) become morphologically

unstable.

Fig. 14. Matrix grains which sinter to the fiber remain attached upon debonding and

pull-out.

Fig. 15. Surface grooves observed on sapphire fibers in HIPed composites, after fiber
pull-out. Also shown are the regions that sintered and then debonded.

Fig. 16. Sliding between the matrix and fiber during pull-out degrades the fiber

surface and can damage the fiber.

Fig. 17. Extensive bonding between the fiber and matrix led to co-planar fracture of the

composite produced with 0.2 pm thick gaps.

Fig. 18. a) Composites produced with the 0.7 Jpm thick coatings exhibited moderate

fiber pull-out. b) The greatest extent of fiber pull-out was found for the

composites produced with 1.4 Jpm thick coatings.

I Fig. 19. Load-displacement curves for composites produced with 1.4 gim thick

interface gaps reveal contributions to crack growth resistance from fiber pull-

i out. The corresponding energy dissipation is 40 kJm-2 .

S Fig. 20. Shear resistance of interface measurements by fiber push-out.

I
I
i
I
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